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Abstract  

High Entropy Alloys (HEAs) are a new type of multicomponent alloys. They contain at least 

five elements with the content of each between 5 and 35 at. %. The high configuration 

entropy, which is the source of the name of the whole family of alloys, together with other 

parameters, such as mixing enthalpy, atomic size difference, electronegativity difference, or 

valence electron concentration, stabilize a solid solution instead of complex intermetallic 

compounds. Promising properties and interesting microstructures focus the attention of the 

scientific community to HEAs. 

In this work, the novel Al-Cr-Fe-Mn-Mo high entropy alloy family was studied. The 

microstructural and chemical analyses were performed by XRD, Mössbauer spectrometry, 

SEM, TEM, EDX, EBSD. In the first stage, parametric approach calculations were carried out 

to optimize the chemical composition of the alloy. The selected compositions were prepared 

by mechanical alloying in different devices. The optimized conditions that ensure maximum 

chemical homogeneity of powder and the small contamination from balls and vial materials 

were chosen. In most of the powders, two bcc phases form during mechanical alloying with 

the lattice parameters about 3.13 Å (bcc#1) and 2.93 Å (bcc#2). The heat treatment of powder 

results in several phase transformations (e.g., the formation of the χ phase). The annealing at 

950 °C for 1 h promotes the significant increase of volume fraction of the bcc#2 phase, while 

the bcc#1 and χ disappear. Nevertheless, small fractions of carbides and oxides were found.  

The bulk samples were fabricated by hot press sintering of the optimized mechanically 

alloyed powders. The conditions of consolidation were evaluated and optimized to promote 

the formation of the bcc phase and reduce the formation of carbides and oxides resulting from 

the contamination during mechanical alloying and sintering. The optimized bulk samples 

present a major disordered body-centered cubic phase (> 95 % of volume fraction) with a 

lattice parameter of 2.92 Å and a very small fraction of carbides (M6C, M23C6) and oxides 

(Al2O3). The bcc phase is stable after annealing at 950 °C for 10 h. Moreover, the alloy 

presents very high hardness up to 950 HV2N. The compression tests of the optimized bulk 

sample from room temperature to 800 °C reveal promising properties, especially between 600 

and 700 °C. The alloy shows brittle behavior between room temperature and 400 °C. 

However, the alloy starts to demonstrate some degree of plasticity at 500 °C. At 600 °C, the 

yield strength is 1022 MPa, while strain to failure is about 22 %. 

Keywords: High Entropy Alloy, Powder Metallurgy, Mechanical Alloying, Microstructural 

Observation, Chemical Composition, Mechanical Properties. 
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Résumé 

Les Alliages à Haute Entropie (AHEs ou HEAs en anglais) sont un nouveau type d'alliages 

multi-élémentaires. Ils contiennent au moins cinq éléments de teneur comprise entre 5 et 

35 at %. L'entropie de configuration élevée, qui est une raison du nom de cette famille 

d'alliages, ainsi que d'autres paramètres, tels que l'enthalpie de mélange, la différence de taille 

atomique, la différence d'électronégativité ou la concentration d'électrons de valence, 

stabilisent une solution solide plutôt que des composés intermétalliques. L'attention de la 

communauté scientifique a été attirée par les propriétés prometteuses et les microstructures 

intéressantes des HEAs. 

Dans ce travail, une nouvelle famille de HEAs Al-Cr-Fe-Mn-Mo a été étudiée. Les analyses 

microstructurales et chimiques ont été menées par DRX, spectrométrie Mössbauer, MEB, 

MET, EDX, EBSD. Dans un premier temps, des calculs basés sur une approche paramétrique 

ont été réalisés pour optimiser la composition chimique. Les compositions sélectionnées ont 

été préparées par mécanosynthèse dans différents types broyeurs. Les conditions optimisées 

garantissant une homogénéité chimique maximale de la poudre et une faible contamination 

par les matériaux des billes et des jarres ont été déterminées. Deux phases cubique centrée 

(cc) se forment pendant la mécanosynthèse avec les paramètres de maille 3,13 Å (cc#1) et 

2,93 Å (cc#2). Le traitement thermique de la poudre entraîne plusieurs transformations de 

phase (la formation de la phase χ). Le recuit à 950 °C/1 h favorise l'augmentation de la 

fraction volumique de la phase cc#2, tandis que les cc#1 et χ disparaissent. Néanmoins, de 

petites fractions de carbures et d'oxydes ont été trouvées. 

Les échantillons massifs ont été fabriqués par frittage à chaud des poudres 

mécanosynthétisées. Les conditions de consolidation ont été évaluées et optimisées pour 

favoriser la formation de la phase cc et réduire la formation de carbures et d'oxydes résultant 

de la contamination. Les échantillons massifs optimisés présentent une phase majoritaire 

cubique centrée (> 95 % volumique) avec un paramètre de maille de 2,92 Å et une très petite 

quantité de carbures (M6C, M23C6) et d'oxydes (Al2O3). La phase cc est stable après recuit à 

950 °C pendant 10 h. De plus, l'alliage présente une dureté très élevée jusqu'à 950 HV2N. Les 

essais de compression de l'échantillon massif optimisé, entre la température ambiante et 

800 °C, révèlent des propriétés prometteuses, en particulier entre 600 et 700 °C. L'alliage 

présente un comportement fragile entre la température ambiante et 400 °C. Cependant, 

l'alliage commence à démontrer un certain degré de plasticité à 500 °C. À 600 °C, la limite 

d'élasticité est de 1022 MPa, tandis que la déformation à la rupture est d'environ 22 %. 

Mots clés : Alliage à Haute Entropie, Métallurgie des Poudres, Mécanosynthèse, Observation 

Microstructurale, Composition Chimique, Propriétés Mécaniques. 
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Introduction  

Traditional alloys contain one or two main elements and usually a small fraction of 

alloying elements. In 2004, the publication of two papers by Cantor et al. [1] and Yeh et al. 

[2] broke this paradigm. The new concept of High Entropy Alloys (HEAs) was born. HEAs 

are multicomponent alloys that contain at least five metallic elements in close to equiatomic 

ratios (usually between 5 and 35 at. %) [2–4]. The second definition defines HEAs as alloys 

having configurational entropy greater than 1.5 R (R- gas constant), which was a source of 

HEAs’ name [3,4]. The high configurational entropy was believed to stabilize solid solutions 

and to prevent the formation of intermetallic compounds [4]; however, other parameters, such 

as mixing enthalpy or atomic size difference, play an essential role too. These novel 

multicomponent alloys quickly gained the interest of the scientific community, thanks to 

promising properties, surprisingly simple microstructure, and almost infinity of original 

compositions.  

One of the first reported HEA is CrMnFeCoNi equiatomic alloy (known as Cantor 

alloy). The alloy mentioned above, which was studied extensively in the past 15 years, 

crystallizes into a single fcc solid solution [1,5]. The exceptional properties of Cantor alloy, 

such as an increase of yield strength and ductility with decreasing temperature [6], confirm 

the promising future of the whole high entropy alloys family. HEAs often present interesting 

properties beyond high strength and ductility, which in many cases, surpass traditional alloys. 

The promising properties of different HEAs were shown in many recent papers: high creep 

resistance (fcc matrix and L12 precipitates [7,8]), excellent mechanical resistance at high 

temperatures (refractory bcc alloys [9]), irradiation resistance (fcc, fcc+bcc, bcc, or bcc 

refractory alloys [10,11]), good weldability (fcc+hcp phases [12]), and resistance to corrosion 

(fcc [13,14]) or hydrogen embrittlement (fcc phases [15,16]).  

The almost infinite number of new possible compositions makes it impossible to study 

all HEAs systems experimentally. The basic tool to choose an alloy system and optimize its 

composition is the well-established parametric approach [4,17]. The calculation of parameters 

(such as mixing enthalpy, mixing entropy, atomic size difference, electronegativity difference, 

valence electron concentration, or omega parameter which is evaluated by the combining 

effects of enthalpy and entropy of mixing)) enables to predict structure for selected 

composition. Although the parametric approach results are not always in agreement with the 

experimental findings, it is still the first-choice tool to quickly analyze a new system. In recent 
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years, Calculation of Phase Diagrams (CALPHAD) becomes a very common way to predict 

the phase composition of alloys. In-depth studies in CALPHAD are especially needed in the 

field of high entropy alloys. The development of the HEAs database (TCHEA) by Thermo-

Calc Software Company is a significant progress in the prediction of the phase structure of 

HEAs [18]. For example, Thermo-Calc, coupled with TC-python, could be an effective tool in 

the investigation of phases stability and screening to discover new HEAs [19]. However, the 

calculation results for new non-experimentally studied systems are not totally reliable, and 

CALPHAD cannot replace the experimental research.  

The most common way of fabrication of bulk high entropy alloys is melting, followed 

by casting. The liquid route of HEA processing presents some disadvantages, e.g., may lead to 

dendritic segregation, which is generally desired to be avoided. Powder metallurgy 

techniques, such as mechanical alloying (MA) followed by sintering, are becoming more and 

more popular, which results in a significant increase in the number of publications in the 

field [20,21]. The considerable advantages of mechanical alloying followed by sintering are 

the possibility to obtain nanocrystalline grains without segregation and a more efficient 

mixing of the elements. For alloys with a large difference in melting temperatures of 

constituent elements, powder metallurgy is particularly preferred. The main drawbacks are 

contaminations (during MA and sintering) and generally a small amount of produced 

powder [4].  

The main objective of this work is to prepare a novel high entropy alloy with a single-

phase structure by powder metallurgy techniques. Ideally, the bulk samples should present a 

single multi-element disordered body-centered cubic phase and high mechanical strength. The 

study focuses on the optimization of fabrication parameters and the careful analysis of the 

microstructure of produced powder and bulk samples. The mechanical properties were 

investigated by the micro-indentation and the compression tests at different temperatures up 

to 800 °C.  

The Al-Cr-Fe-Mn-Mo high entropy alloy family, prepared by powder metallurgy 

techniques, was studied. Powder metallurgy (mechanical alloying, followed by hot-press 

sintering) was chosen due to the presence of the elements with the significantly different 

melting temperatures, i.e., aluminum and molybdenum. Senkov et al. [22] published some 

promising information (melting temperature, phase composition, Young modulus, etc.) 

obtained by CALPHAD calculations about the equiatomic AlCrFeMnMo HEA. The first 
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experimental results for this system were published by our group during this work. Three 

compositions of HEAs based on the parametric approach and preliminary experimental results 

were selected. The milling was performed in different mills to find optimized conditions. The 

mechanically alloyed powders, in most of the studied conditions, present two disordered bcc 

phases. The annealings of mechanically alloyed powders were performed to study thermal 

stability. The most promising results reveal one primary bcc phase and a small fraction of 

carbides and oxides. The optimization of sintering parameters allowed to produced samples 

with a high-volume fraction of bcc (> 98 vol. %) and a small fraction of carbides (M6C, 

M23C6) and oxide (Al2O3) resulting from the contamination. The bulk samples are 

characterized by high hardness and high compressive strength. 

This thesis is divided into seven chapters to present the results obtained during three 

years clearly. The first and the second chapter consist of the literature review and the 

experimental procedures, respectively. The third chapter deals with the design and 

optimization of a new HEA composition, describing the calculation by the parametric 

approach. In the two next chapters, the information about mechanical alloying (the 

optimization of MA, the structure of powder, and its thermal stability) could be found. The 

sixth chapter consists of microstructural results of bulk samples. The last chapter deals with 

the mechanical properties of sintered samples. In the end, the conclusions and perspectives are 

presented.  

 In this thesis, detailed microstructural studies of powder and bulk HEAs after different 

conditions (mechanical alloying, annealing, sintering) were performed. Nevertheless, many 

phenomena occurring in the Al-Cr-Fe-Mn-Mo are not fully understood; therefore, further 

studies are needed. However, the result obtained in the frame of this thesis, such as 

optimization of the chemical composition or the mechanical alloying conditions, allowed the 

UMET laboratory and the University of Lille to launch other projects such as the Allihentrop 

Interreg project consisting of the fabrication and characterization of coatings of alloys from 

the Al-Cr-Fe-Mn-Mo family.  
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1. Literature review 

1.1. High Entropy Alloys  

1.1.1. Definition of HEA 

The consensus among the scientific community regarding the definition of high 

entropy alloy does not exist. The two most common definitions describe HEAs as alloys 

containing at least five metallic elements in close to equiatomic ratios (between 5 and 35 %) 

or alloys having configurational entropy greater than 1.5 R (R is the gas constant, 

8.314  J mol-1 K-1) [2–4]. Nevertheless, the 4-element multicomponent alloys are often named 

as high entropy alloys in the literature. The name of HEA, introduced in one of the first 

publications dealing with this kind of alloys [2], is related to high configurational entropy, 

which could be easily calculated using the following equation [4]:  

 ∆𝑆𝑐𝑜𝑛𝑓 =  −𝑅 ∑ 𝑐𝑖𝑙𝑛𝑐𝑖
𝑛
𝑖=1  (1.1) 

where R is the gas constant, n is the number of components, and ci is the atomic fraction of the 

ith component. The calculation for equiatomic composition shows that configurational 

entropy increases with the increasing number of elements (Fig. 1-1) and is equal to 1.61 R for 

the 5-element equiatomic alloy. However, the calculation of entropy requires that alloy has a 

single value of entropy (entropy could change with increasing temperature), and atoms 

occupy random positions in the lattice, which is not common in metallic solutions, even at the 

melting temperature [23].  

 

Figure 1-1. Configurational entropies of equiatomic alloys as a function of the number of components.  
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Some researchers (e.g., [24]) insist that only single solid solution multicomponent 

alloys can be considered as HEA. To describe multicomponent alloys regardless of the 

number and the type of phases or the entropy value, new names, such as complex 

concentrated alloys (CCAs), compositionally complex alloys (CCAs), multi-principal element 

alloys (MPEAs) or baseless alloys, have appeared [5,23]. However, the term high entropy 

alloy is still commonly used in the literature to describe all types of multicomponent alloys, 

and it seems that this catchy name endures [5].  

1.1.2. High Entropy Alloy concept 

In the early years of the study of high entropy alloys, the concept of four core effects 

(high-entropy, lattice distortion, sluggish diffusion, and cocktail effects) was introduced [25]. 

Nowadays, after several years of research in the field of multicomponent alloys, a large 

amount of data enables to make some verifications of the four core effects concept [23,26,27].  

 The high-entropy effect was the founding concept of the whole family of HEAs. The 

Gibbs free energy, which is given by the equation below, controls the phase formation in 

alloys [4].  

 ΔGmix = ΔHmix – TΔSmix  (1.2) 

where ΔGmix is the Gibbs free energy of mixing, ΔHmix is the enthalpy of mixing, T is the 

temperature at which elements are mixed, and ΔSmix is the entropy of mixing (predominantly 

configurational entropy). The competition between TΔSmix and ΔHmix governs the phase 

formation. Thermodynamic equilibrium is achieved when the Gibbs free energy is the lowest 

for given pressure and temperature. Multi-element solid solution phases present medium 

negative ΔHmix and high ΔSmix [4]. Hence, high configurational entropy was believed to 

stabilize the solid solution and prevent the formation of intermetallic compounds. The last 

research showed that many alloys, considered as HEAs, are not a single-phase; hence, the 

high configurational entropy is not the only factor to stabilize the solid solution. For example, 

configuration entropy increases with an increasing number of elements in equiatomic alloys; 

however, equiatomic alloys with 16 or 20 elements are not a single-phase [1]. Moreover, it 

should be noted that the choice of elements to produce HEAs is not random, and thus, the 

high entropy concept is not verified for all elements. Most of the HEAs consist of 3d 

transition metals, so it is not surprising that fcc and bcc are the most common phases, and 

therefore, it could be concluded that the high configurational entropy is not the sole factor to 
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stabilize solid solution [26]. The study of alloys in as-cast (possible non-equilibrium 

microstructures) conditions also contributes to the increased number of single-phase HEAs 

because annealing leads, in many cases, to produce multi-phase structures [26]. Pickering et 

al. [28] showed that long-term exposure of the most studied fcc single-phase Cantor alloy 

(CoCrFeMnNi), triggered the formation of chromium-rich σ phase (tetragonal structure with 

lattice parameters of a ≈ 8.8 Å and c ≈ 4.5 Å). Many other HEAs decompose after prolonged 

annealing [27]. It can be concluded that the high configurational entropy plays a role in the 

stabilization of solid solution; however, it is not the only criterium to obtain a single-phase 

alloy. The mixing enthalpy seems to play also an important role [26,27]. 

The sluggish diffusion effect, due to great fluctuation of lattice potential energy 

between the lattice sites in HEAs, was proposed by Yeh in 2006 [25]. The previously obtained 

results, such as high recrystallization temperatures, the easy formation of nanocrystals (even 

in the as-cast state), were related to the sluggish diffusion. Tsai et al. [29] confirmed 

experimentally the sluggish diffusion in Co–Cr–Fe–Mn–Ni HEA family. However, other 

studies (e.g., Dąbrowa et al. [30]) showed that sluggish diffusion is not present in all HEA 

systems. Despite many publications in the field of diffusion, the consensus has not been 

achieved. It seems that the diffusion in HEAs is slower than average, compared to materials 

with the same crystal structure; however, it is not the slowest [26].  

 The lattice distortion effect is the result of different sizes of HEAs constituent atoms, 

which cause strains. It is believed that the impact is more severe in HEAs than in traditional 

alloys. Hence, it contributes significantly to the following properties: hardness increase, 

reduction of thermal and electrical conductivity and its temperature dependence [23]. 

However, the experimental measurements of the lattice distortion seem to be very challenging 

and have received the least attention among the four core effects [26]. The lattice distortion is 

usually evaluated using the difference in radii of constituent elements, which gives only 

approximate values (e.g., vary depending on the structure) [26]. The experimental studies, 

including high-resolution TEM images, neutron scattering, have not unambiguously proved 

the severe lattice distortion hypothesis [26,27]. More in-depth studies should be conducted to 

evaluate the severe lattice distortion effect and its contribution to the HEAs properties.  

 The cocktail effect was introduced by Ranganathan [31]. It means that the final 

properties of alloys are not just the sum of constituent elements properties, but are also the 

result of unexpected synergies between them [23]. Hence, HEAs properties cannot be easily 
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predictable. The cocktail effect is not a hypothesis but has a significant influence on HEAs 

studies [23,26].  

  Based on data obtained during the studies of HEAs, it could be concluded that the 

four core effects influence on structure and properties is not as important as it was believed 

[26,27]. The high configurational entropy does not play a dominant role in the stabilization of 

solid solutions (other parameters as enthalpy should be considered). The diffusion rate in 

HEAs is usually slower than average, but it is not the slowest. The lattice distortion due to the 

atomic size difference should be better quantified [23,26,27]. 

1.1.3. Common HEA compositions 

Many high entropy alloys have been developed during the last 15 years of research in 

this field. For the 13 most common elements in the design of HEAs, there are 7099 possible 

equiatomic compositions (from 5 to 13 elements) [2]. The number of publications on HEAs 

increases at an exponential rate (Fig. 1-2). HEAs can be divided into two main groups: single-

phase HEAs and multiphase HEAs (usually named CCAs, compositionally complex alloys). 

HEAs and CCAs can be divided into the following categories based on constituent elements 

(Fig. 1-3): 3d transition metal, refractory metal, 4f transition metal, light metal, bronzes and 

brasses HEAs/CCAs [32]. Each node in Figure 1-3 represents an alloy, while lines connecting 

nodes show sharing elements (at least one) with other alloys.   

 
Figure 1-2. Number of publications on High Entropy Alloys from 2004 to 2019 (results based on 

Scopus analysis).  
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Figure. 1-3. Alloy network of 110 equiatomic HEAs/CCAs showing five main categories. Dots 

represent alloys, lines represent sharing one or more elements. Reproduced with permission from 

Elsevier [32].   

 3d transition metal HEAs are definitely the biggest family, mainly based on 

aluminum, cobalt, chrome, copper, iron (the most common element), manganese, nickel, 

titanium, and vanadium [23,32]. The large majority of single phase fcc alloys belongs to this 

family [23]. A good example could be the first introduced HEA, CoCrFeMnNi [1]. Some 

alloys with elements mostly from 3d transition metal family present bcc structure, e.g., 

AlFeTiCrZnCu [33], or AlxCoCrFeNi (x > 1) (bcc/B2) [10,34–36]. The properties of many 3d 

transition metal HEAs are very promising, e.g., tensile strength and ductility [32]. 

The refractory metal HEAs (RHEAs) are the second-largest family mainly based on 

hafnium, molybdenum, niobium, tantalum, titanium, vanadium, tungsten, zirconium and 

usually sharing some elements from the 3d transition metal group. This family is 

characterized by a wide range of melting temperatures (1855 – 3422 °C) and density (4.5 - 

19.4 g cm-3) [23]. Refractory HEAs present promising mechanical and oxidation resistance at 

high temperatures [23,32]. A good example could be the Nb25Mo25Ta25W25 or 

V20Nb20Mo20Ta20W20 alloy, both single bcc phase, developed by Senkov et al. [9]. 

Other families of HEAs are significantly smaller than 3d transition and refractory 

metals. The 4f transition metal HEAs (lanthanide or rare-earth HEAs) is a completely isolated 

family, which does not share elements with other families. The examples of alloys are 

DyErGdHoLuScTbY and DyGdHoLaTbY, both single-phase with the hexagonal close-

packed structure [37]. The light metal HEAs are a small family of alloys based on the 
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following elements: aluminum, beryllium, lithium, magnesium, scandium, silicon, tin, 

titanium, and zinc [23]. Many low-density elements are toxic or very reactive. Therefore, the 

choice of possible composition is very limited [32]. Moreover, these elements present a wide 

range of melting points, which makes it difficult to prepare alloys by the liquid route. 

Mechanical alloying seems to be a preferred way to fabricate these alloys, e.g., the 

Al20Li20Mg10Sc20Ti30 compositions (density, ρ = 2.67 g cm-3) was developed by mechanical 

alloying [38]. The high hardness and low density could make the light metal HEAs an 

attractive choice for some application, e.g., in the aerospace industry. The bronzes and brasses 

HEAs (contain tin and zinc, respectively) is a very small group of alloys that could be 

included in the 3d transition metal family due to the significant content of manganese or 

nickel [32]. The best example of possible compositions are alloys from the Al-Cu-Mn-Ni-Sn-

Zn family, which in certain conditions could exceed the mechanical properties of traditional 

bronzes and brasses [39]. Besides family included in Figure 1-3, HEAs containing boron, 

carbon, or nitrogen should be mentioned. The alloys consist mainly of 3d transition or 

refractory metals; however, the additions of boron, carbon, or nitrogen could significantly 

affect microstructure and properties [23]. Hence, some authors created this separate group. 

Moreover, the relatively new family of HEAs based on precious metals is not included in 

Figure 1-3. An example could be AuCuNiPdPt, which crystallizes in a single fcc structure 

[40]. The precious HEAs could be used for catalysis applications [23].  

An alternative classification of HEAs could be based on the structure. The first evident 

classification is the crystalline and amorphous alloys. The crystalline alloys could be later 

divided into single or multi-phase. The phases formed in HEAs could be simple disordered 

(e.g., bcc, fcc), simple ordered phases (e.g., B2, L12), or complex ordered phases (e.g., sigma 

or Laves phases) [23].  

Despite the development of many HEAs, the most investigated alloy is still the single 

fcc phase equiatomic CoCrFeMnNi alloy, which was introduced in 2004 by Cantor et al. [1]. 

Though crystallization after melting into the fcc structure, the Cantor alloy decomposes after 

prolonged annealing [28,41]. Nevertheless, CoCrFeMnNi is still considered as the typical 

high-entropy alloy. Thorough years, alloys with modified Cantor composition appeared. The 

alloys with removed one or two elements from CoCrFeMnNi have been tested by Wu et al. 

[42]. It was shown strength and ductility increase with decreasing temperature for some 

compositions. The non-equiatomic compositions were developed to produce twinning-

induced plasticity [43] or transformation induced plasticity [44]. Another example of a 
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commonly studied system is the TiZrHfNbTa refractory alloy. It crystallizes in a single bcc 

structure and exhibits tensile ductility at room temperature [5]. In alloys without refractory 

metals in the composition, the occurrence of bcc is less common. The Al-Co-Cr-Cu-Fe-Ni 

system is also one of the most investigated in recent years. It consists of fcc#1, fcc#2 (rich in 

copper), and bcc/b2 phases with volume fraction depending on the composition [45]. The 

AlxCoCrFeNi (x = 0 – 1.5) family is also frequently studied [10,34–36,46]. The structure 

changes significantly with the increasing content of aluminum, i.e. single fcc structure 

(Al0.1CoCrFeNi) [10], fcc + ordered B2 (Al0.75CoCrFeNi) [35], bcc (lattice parameter, a = 

2.88 Å) + B2 (Al1.5CoCrFeNi) [10,36]. 

1.1.4. Mechanical Properties 

The properties of HEAs vary significantly depending on the chemical composition; 

however, based on the available data from the literature, remarkable properties of HEAs can 

be listed. The mechanical properties have been studied most thoroughly. Fig. 1-4a shows that 

the best 3d transitions HEAs/CCAs (filling the space between titanium alloys and steels) are 

equivalent, considering density, in uniaxial tension to the best traditional alloys such as 

aluminum alloys [32]. Moreover, refractory alloys are expected to present better properties at 

high temperatures than many conventional alloys. In terms of yield strength vs. Young’s 

modulus (Fig. 1-4b), refractory HEAs/CCAs, surpass significantly traditional alloys as well as 

other HEAs/CCAs. Fig. 1-4 shows that many HEAs/CCAs can equal mechanical properties of 

conventional alloys or even exceed them in some conditions. Taking into consideration the 

relatively short time of research in the field of HEAs, the properties should be further 

improved in the near future.  

One of the best-known properties of CoCrFeMnNi alloy is the simultaneous increase 

of its strength and ductility with decreasing temperature from room temperature to 77 K 

(liquid nitrogen) [6,47]. Moreover, the high value of fracture toughness (KJIc ~ 220 MPa m1/2) 

is preserved when decreasing the temperature to 77 K [6]. Gludovatz et al. [6], in a frequently 

cited paper, concluded that remarkable fracture toughness at cryogenic temperature is the 

effect of nanotwinning occurring at low temperatures. The nanotwinning (plasticity 

mechanism), which increases the tensile ductility, and high strength at cryogenic temperature, 

enables the preservation of high fracture toughness at low temperatures. 
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Figure. 1-4. a) Young’s modulus vs. density of traditional alloys and HEAs/CCAs, dashed lines show 

performance indices of mechanical properties in (alloys above performance lines present better 

performance than alloys below): uniaxial tension (s=1), beam bending (s=2), panel bending (s=3); b) 

Yield strength vs. Young’s modulus of traditional alloys and HEAs/CCAs. Reproduced with 

permission from Elsevier [32]. 

 Other remarkable mechanical properties of HEAs are high tensile strength at high 

temperature and creep resistance. The Ni47.9Al10.2Co16.9Cr7.4Fe8.9Ti5.8Mo0.9Nb1.2W0.4C0.4 alloy 

consists of γ matrix (fcc) and γ′ precipitates (L12), similarly to widely known superalloys [7]. 

Hence, HEAs with γ + γ′ structure are named high entropy superalloys. The alloy mentioned 

above presents a yield strength (800 MPa) above 800 °C comparable with some conventional 

nickel-based superalloys and greater than other HEAs. Moreover, creep resistance of this 

alloy is similar to some first-generation conventional nickel-based superalloys [7]. The high 

entropy superalloys are in the early stage of development, and it seems that their properties 

could be significantly improved soon. The Al0.5CoCrCuFeNi alloy (fcc and L12 structures) 

also presents high creep resistance; however, it was measured by nanoindentation experiment 

(as many other HEAs), which is not totally reliable [8]. The AlxCoCrFeNi family with bcc/B2 

structure (x = 1.12 or x = 1.33) presents high compressive strength (yield strength 1350–

1400 MPa) and high hardness (HV0.5 = 517 – 527); however, the plastic deformation is 

limited (14-17 %) [34].  

Examples of good mechanical properties of alloys with a single disordered bcc 

structure are refractory HEAs - V20Nb20Mo20Ta20W20 and Nb25Mo25Ta25W25 [9,48]. These 

alloys show very high hardness: 535 HV for the V20Nb20Mo20Ta20W20 and 454 HV for the 

Nb25Mo25Ta25W25 [48]. Moreover, both alloys present very high compressive yield strength at 

room temperature, 1246 MPa (V20Nb20Mo20Ta20W20), and 1058 MPa (Nb25Mo25Ta25W20); 

however, the plastic deformation is very limited (1.5 – 2 %). At higher temperatures, the yield 
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strength is also very promising, e.g., at 1000 °C is 548 MPa and 842 MPa with a fracture 

strain of 19 % for the Nb25Mo25Ta25W20 and V20Nb20Mo20Ta20W20 alloys, respectively (Fig. 

1-5a,b) [9]. The plastic deformation of alloys increases significantly compared to the tests at 

room temperature. At the temperatures above 800 °C, the yield strengths of both refractory 

high entropy alloys exceed those of common superalloys (e.g., Inconel 718, Haynes 320) 

significantly, and decrease slowly with increasing testing temperature (Fig. 1-5c). Hence, the 

refractory HEAs could be the promising candidates in similar applications as traditional 

superalloys. However, the high density of the alloys, 13.75 g/cm3 for the Nb25Mo25Ta25W25, 

and 12.36 g/cm3 for the V20Nb20Mo20Ta20W20 could be a significant disadvantage of the 

refractory HEAs [48]. 

 
Figure 1-5. Mechanical properties of refractory HEAs: compressive engineering stress-strain curves 

for the V20Nb20Mo20Ta20W20 (a) and Nb25Mo25Ta25W25 (b) alloys; c) comparison of yield strength of 

two refractory HEAs and two superalloys at different temperatures [9].  

1.1.5. Other properties 

The mechanical properties of developed HEAs are already promising; however, it 

seems that it will be difficult to replace the conventional alloys in many applications due to 

the high cost of many HEAs and often not significantly superior mechanical properties 

compared to superalloys, steels, etc. Thereby, the development of HEAs should be focused on 

good mechanical properties coupled with exceptional functional properties [5]. Hence, 

functional properties also gained considerable attention. The irradiation resistance of HEAs 

studied by El-Atwani et al. [11] showed that W38Ta36Cr15V11 refractory HEA (single bcc 

structure) presents negligible hardening with no dislocation loops after irradiation of 8 

displacements per atom (dpa), which proves exceptional irradiation resistance of this 

composition. Xia et al. [10] and Yang et al. [35] revealed that Al0.1CoCrFeNi (single fcc 

structure) presents better irradiation resistance than frequently used nuclear materials. 

Corrosion is a significant problem in many industrial environments; hence, the corrosion 

resistance of HEAs is also frequently studied. Chou et al. [13] showed good corrosion 

c
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resistance of the Co1.5CrFeNi1.5Ti0.5Mo0.1 HEA (single fcc structure), in which molybdenum 

addition plays an important role by increasing the critical pitting temperature and the pitting 

potential. The superior resistance to corrosion of the Al0.3CoCrFeNi HEA (single fcc 

structure), than conventional alloy, was revealed by Shi et al. [14]. The CoCrFeMnNi alloy 

(single fcc structure) presents very high hydrogen embrittlement resistance during a tensile 

test at cryogenic temperature. It is thanks to a gradient of nanotwins structure arising during 

deformation due to a gradient of charged hydrogen [15,16]. 

1.1.6. Processing routes 

High entropy alloys, as conventional alloys, are prepared by many different routes 

(Fig. 1-6). The fabrication methods can be divided into three groups based on the state of the 

elements during mixing.  

 
Figure 1-6. Processing routes of High Entropy Alloys [4].  

The liquid path, especially arc melting or induction melting, is the most common 

method of fabrication of HEAs [4,17,49]. Usually, an alloy is melted and solidified at least 

five times to provide chemical homogeneity of the sample. The liquid route enables to prepare 

relatively easy and quickly a large quantity of the alloy. The high temperatures during arc 

melting may cause evaporation of some elements, e.g., manganese [49]. Other disadvantages 

of the liquid route are the formation of a dendritic structure with chemical segregation, the 

formation of non-equilibrium phases, porosities, cracks [4]. The Bridgman solidification 

method is used to produce single-crystal HEAs [4]. The Laser Engineered Net Shaping 

(LENS) technique enables to rapidly fabricate many chemical compositions by using a high-
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powered laser beam into the metal powders [36,49]. The gas routes of HEAs processing, such 

as pulsed laser deposition, are commonly used to produce thin films [4].  

 The solid processing of HEAs consists of the milling of elemental powders to obtain 

alloyed powders. The mechanical alloying (MA) was initially developed by Benjamin in 1970 

[50]. The main advantages of MA are the absence of segregation problems, the possible 

mixing of elements with largely different melting temperatures, the extended solid solubility, 

or the easiness to obtain nanocrystalline materials [4,49]. The main disadvantage of 

mechanical alloying is the frequently occurring contamination by carbon, oxygen, etc. 

However, the contamination could lead to the formation of carbides and oxides, which can 

increase the mechanical resistance of an alloy or induce its brittleness. The source of 

contamination could be the materials of the balls and the vial, the process control agent 

(PCA), or the milling atmosphere [4]. Moreover, mechanically alloyed powder has to be 

consolidated, by sintering, to obtain bulk material. During sintering, grain growth is usually 

observed, and contamination from die can occur [49,51]. Nevertheless, the advantages of MA 

outweigh the disadvantages, and thus mechanical alloying is a common method to obtain 

metallic alloys for the last 50 years. The first paper on mechanically alloyed HEA was 

published in 2008 by Varalakshmi et al. [33]. It deals with the preparation of nanocrystalline, 

single-phase bcc AlFeTiCrZnCu HEA. Since then, reviews on HEAs prepared by powder 

metallurgy have been published [20,21,52,53]. In recent years, the number of published 

papers on HEAs MA has increased significantly (Fig. 1-7).  

 
Figure 1-7. Number of publications on High Entropy Alloys prepared by mechanical alloying from 

2008 to 2019 (results based on the Scopus analysis). 
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1.1.7. Potential applications 

High entropy alloys have been studied for more than 15 years. Other commonly used 

materials, such as superalloys, have been studied for a more significant amount of time; thus, 

the identified applications of HEAs are rather limited. Some high entropy superalloys or 

refractory high entropy alloys can replace conventional superalloys in some applications in 

the aerospace or energy industries [4,7]. The Cantor alloy is a potential candidate for 

cryogenic applications [6,47]. HEAs (with fcc structure) could be used as a binder for WC to 

obtain higher fracture toughness [54]. Hard coatings, such as (AlCrNbSiTiV)N (single fcc 

structure), could find their applications in milling or cutting tools [4,55]. The 

(Al,Cr,Nb,Y,Zr)N thin film (NaCl-type single solid solution) is a promising protective coating 

for applications in aggressive environments [56]. The (AlCrTaTiZr)N HEA (fcc and 

amorphous structure) is a promising candidate for diffusion barrier in microelectronics [57]. 

The W38Ta36Cr15V11 (single bcc structure) can be used in applications under irradiation 

conditions [11]. George et al. [5] suggested that to find the potential applications for HEA, 

research should be focused on coupling outstanding functional properties with good 

mechanical properties. Moreover, the cost of many HEAs is higher than many traditional 

alloys; therefore, the HEAs have to reveal significantly better properties to be used in the 

industry for the given application.  
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1.2. Design of a new composition 

1.2.1. Parametric approach 

The number of possible compositions of HEAs is almost infinite. Hence, the 

experimental studies should be preceded by a theoretical calculation to choose the chemical 

compositions which could form alloys with the microstructures as simple as possible. The 

parametric approach was introduced to give help to predict the structure and find single-phase 

HEAs [4,17,58,59]. This empiric approach consists of the calculation of the following 

parameters: mixing entropy, mixing enthalpy, atomic size difference, electronegativity 

difference, valence electron concentration, and omega (which combines the effects of the 

melting temperature and mixing entropy and enthalpy). The limit values of these parameters 

to form HEA have been obtained from the literature. 

The mixing entropy consists of four components, such as configurational entropy, 

vibrational entropy, magnetic dipole, and electronic randomness [4]. To simplify the 

calculations, only configurational entropy is usually considered due to its predominant value 

over other contributions [2]. The configuration entropy (∆𝑆𝑐𝑜𝑛𝑓) is calculated using the 

following formula [4,59]:  

 ∆𝑆𝑐𝑜𝑛𝑓 =  −𝑅 ∑ 𝑐𝑖𝑙𝑛𝑐𝑖
𝑛
𝑖=1  (1.3) 

where R is the gas constant, n is the number of components, and ci is the atomic fraction of 

the ith component. Despite the lack of consensus on HEA definition, it is usually mentioned 

that HEAs should possess configurational entropy higher than 1.5 R. Medium entropy alloys 

(MEAs) and low entropy alloys (LEAs) possess configurational entropy between 1.0 R and 

1.5 R, and lower than 1.0 R, respectively [4]. It was believed that configurational entropy 

plays a crucial role in the stabilization of the solid solution; however, as it was mentioned in 

Subsection 1.1.2. “High entropy alloy concept”, other parameters are also important.  

The mixing enthalpy (∆Hmix) is a very important parameter in the prediction of the 

solid solution vs. intermetallic compounds or amorphous phases. It is calculated using the 

following formula [4,59]: 

 ∆Hmix = ∑ 4∆𝐻𝐴𝐵
𝑚𝑖𝑥𝑐𝑖𝑐𝑗

𝑛
𝑖=1;𝑗≠𝑖   (1.4) 
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where ∆𝐻𝐴𝐵
𝑚𝑖𝑥 is the mixing enthalpy for the binary liquid AB alloys, n is the number of 

components, ci and cj are the atomic fractions of the ith and jth components, respectively.  To 

form HEA, i.e., a solid solution, ∆Hmix should be in the range between -10 and 5 kJ/mol 

[17,59]. For lower values of the mixing enthalpy, bulk metallic glass or intermetallic 

compounds could form (Fig. 1-8), while for higher values, the alloy could not form [4,59]. 

The atomic size difference (𝛿) has a crucial role in the formation of solid solution 

phases instead of intermetallics or amorphous phases. It could be calculated using the formula 

below [59]:  

 𝛿 =  √∑ 𝑐𝑖
n
𝑖=1 (1 −

𝑟𝑖

∑ 𝑐𝑖𝑟𝑖
n
𝑖=1

) 2   (1.5) 

where ri is the atomic radius and ci is the atomic fraction of the ith element, n is the number of 

components. In general, as it could be seen in Fig. 1-8 and Fig. 1-9, the atomic size difference 

should be below 6.6 %. However, between 5.0 and 6.6 %, a solid solution or an ordered solid 

solution may form, depending on alloy’s composition [17]. A δ value higher than 6.6 % 

prevents in all cases, the formation of a solid solution in multicomponent alloys [17,59].  

1 
Figure 1-8. Ability to form a solid solution, an ordered solid solution, an intermediate phase (e.g. 

precipitation of intermetallic compounds), or a bulk metallic glass from a multicomponent 

composition based on the relationship between the mixing enthalpy and delta (atomic size difference). 

Reproduced with permission from John Wiley and Sons [59].  

The electronegativity difference (∆χ) between constituent elements has an important 

influence on the phase formation. It could be calculated using the following formula [58]:  
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 ∆χ =  √∑ 𝑐𝑖(𝜒𝑖 − ∑ 𝑐𝑖𝜒i
𝑛
i=1 )2𝑛

i=1   (1.6) 

where 𝜒i is the Pauling electronegativity and ci is the atomic fraction of the ith element, n is 

the number of components. The electronegativity difference should be below 0.175 to form a 

solid disordered solution in HEA; however, some molybdenum-containing HEAs with a much 

higher electronegativity present a solid solution structure [60]. Moreover, some HEAs, with 

an electronegativity difference well below 0.175, contain intermetallic compounds (Fig. 1-9) 

[60]. Hence, the ∆χ should be considered only as guidance and not as a strict criterion of 

phase formation.  

 
Figure 1-9. Plot of the prediction of structures formation in HEAs based on the relationship between 

the electronegativity difference (∆χ) and the atomic size difference (δ) (experimental data). 

Reproduced with permission from Springer Nature [60]. 

The valence electron concentration (VEC) is a useful criterion to predict bcc or fcc 

formation for a given composition of HEA. It is calculated using the following formula 

[58,61]: 

 𝑉𝐸𝐶 =  ∑ 𝑐𝑖(𝑉𝐸𝐶)𝑖
𝑛
𝑖=1     (1.7) 

where (VEC)i is the valance electron concentration of the ith element and ci is the atomic 

fraction of the ith element, n is the number of components. To form a pure bcc structure, VEC 

should be below 6.87, while to form a pure fcc structure, VEC should be higher than 8.00 

(Fig. 1-10). Between the values mentioned above, HEAs have a two-phase structure 

(bcc+fcc). The validity of the VEC criterion has been verified mainly for transition metals 
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HEAs; hence, an additional work should be done to confirm this rule for all HEA systems [4]. 

Moreover, some exceptions, as CrCuFeMnNi, have been found [61]. 

 

Figure 1-10. Relationship between VEC and phase stability of HEA systems. Completely filled, half-

filled, and non-filled symbols represent alloys with fcc phases only, alloys with a mixture of bcc and 

fcc, and alloys with fcc, respectively. Reproduced with permission from AIP Publishing [61]. 

The Omega (Ω) parameter combines three parameters: mixing entropy ΔSmix (mostly 

configurational), mixing enthalpy (ΔHmix), and average melting temperature of the alloy (Tm). 

It is calculated using the formula below [4,17,60]: 

 Ω =  
𝑇𝑚Δ𝑆𝑚𝑖𝑥

|Δ𝐻𝑚𝑖𝑥|
  (1.8) 

where the average melting temperature of the alloy is defined as follows:  

 𝑇𝑚 =  ∑ 𝑐𝑖(𝑇𝑚)𝑖
𝑛
𝑖=1   (1.9) 

where ci is the atomic fraction the ith component, n is the number of components. Zhang et al. 

[17] suggested that to form solid solution phases, the Ω should be higher than 1.1. Smaller 

values of Ω facilitate the formation of intermetallics or amorphous phases [4].   

Despite the simplicity and relatively good correlation with the experimental data, the 

parametric approach has significant limitations. The ranges for parameters to form HEA vary, 

depending on the publication, because there is no convincing fundamental explanation based 

on the physical basis [27]. Moreover, data, which is used for the creation and validation of the 

parametric approach, is mainly based on the as-cast microstructures [27]. The as-cast 

microstructures are usually non-equilibrium and depend on cooling rates. The equilibrium 
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state may be significantly different. Nevertheless, the parametric approach is still widely used 

to predict the crystal structure of HEAs. 

1.2.2. CALPHAD calculations 

The parametric approach is an easy and primary tool to select composition and predict 

the phase structure of HEAs. A more sophisticated method is CALPHAD (CALculation of 

PHAse Diagrams). The CALPHAD method uses binary and ternary diagrams obtained by 

experiments as input data. However, when experimental data is not available, data collected 

from first-principle calculation is used. The optimized input data is extrapolated to generate a 

thermodynamic description of the multi-component system. The as-generated database should 

be further optimized by the calculation of Gibbs energies to obtain a reliable phase diagram 

for multi-component alloy [4]. The scheme of procedures used in the CALPHAD approach is 

shown in Fig. 1-11. 

 
Figure 1-11. Procedures used in the CALPHAD approach to obtain a thermodynamic description of a 

HEA system [4].  

The frequently used CALPHAD software packages are ThermoCalc, MTDATA, 

Pandat, and FactSage [4,62]. The database for high entropy alloys (TCHEA for Thermo-Calc 

[18] and PanHEA for Pandat) has been developed recently. The CALPHAD method is now a 

common tool to quickly predict the phase composition of HEAs; however, obtained data is 

not always consistent with the experimental results [27,62]. It was found that the prediction of 

intermetallic phases is very problematic in CALPHAD approach; however, it is crucial for 
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designing structural materials [27]. CALPHAD is rarely used to design a new system of 

HEAs. More often, it is used to slightly modify the chemical composition of already existing, 

or chosen by the parametric approach, HEA system to obtain single-phase regions (or other 

interesting domains) [62]. It is usually done by calculating pseudo-binary or pseudo-ternary 

diagrams. Nevertheless, the screening studies, as [22] by Senkov et al., have also been 

performed. The screening and phase stability studies are often conducted using Thermo-Calc 

software coupled with TC-python software [19]. Gorsse et al. [62] suggested that the 

CALPHAD screening for new compositions should be improved by better descriptions of the 

Gibbs energy curves for near equiatomic compositions of HEAs (more information from 

ternary) and by coupling CALPHAD with design tools, such as data mining, physicochemical 

criteria, as well with optimization techniques. 

1.2.3. Al-Cr-Fe-Mn-Mo system by CALPHAD  

In recent years, many potential compositions of HEAs have been analyzed by 

CALPHAD. Senkov et al. [22] presented 157 promising equiatomic alloys after screened over 

one hundred thousand 3 to 6 component alloys by the CALPHAD method using Pandat 

Software. Among the listed HEAs, the AlCrFeMnMo equiatomic composition presents 

interesting properties (Table 1-1). The alloy consists of a single bcc phase at the melting 

temperature (Tm) of 1600 °C. The structure of the AlCrFeMnMo HEA is a bcc phase and the 

intermetallic AlMo3 (primitive cubic structure, space group: Pm-3n (No. 223), lattice 

parameter a= 4.95 Å [63]) at room temperature up to 1041 °C (Tuse = the maximum use 

temperature). The alloy presents relatively low density (ρ) and high Young's modulus (E) 

compared to other studied HEAs. The promising results encourage studying AlCrFeMnMo 

HEA experimentally. 

Table 1-1. Results of calculation of AlCrFeMnMo equiatomic alloy [22].  

Alloy Tm [°C] Tuse [°C] 
Phases at 

600 °C 
ρ [g/cm3] E [GPa] 

AlCrFeMnMo 1600 1041 
Bcc + 

AlMo3 
7.0 213 

 



 1. Literature review 

 30 

1.3. Powder metallurgy of High Entropy Alloys 

1.3.1. General overview 

As it was mentioned earlier, the powder metallurgy of high entropy alloys develops 

quickly in recent years. The term “Powder metallurgy” brings together a few different 

techniques, which can be divided according to powder preparation and consolidation methods. 

The various powder metallurgy routes to produce bulk samples of HEA, without taking into 

account the additive manufacturing, are shown in Figure 1-12.  

 
Figure. 1-12. Powder metallurgy fabrication routes of bulk HEAs (the percentage share of each 

method is indicated) [21]. 

 Based on data published in 2019 by Torralba et al. [21], the mechanical alloying is by 

far the most common route of preparation of HEA powder. The gas atomization is an 

alternative method to prepared alloyed powder. The third possibility is to use a mixture of 

pure metal powder, which is consolidated without any pre-alloying (no contamination as 

during mechanical alloying). The most common sintering method is spark plasma sintering 

(SPS). The advantage of SPS is a short sintering time to attain near full density; thus, the grain 

growth is limited [64]. Hot press sintering (HP) and hot isostatic pressing are also commonly 

used methods. Another possibility is the uniaxial pressing and cold isostatic pressing. The 

cold-pressed powder is then sintered without applying any pressure to obtain bulk samples. 

The disadvantages of the last two methods are grain growth due to higher temperature and 

longer time to obtain near full density (e.g., 93.5 % [65]). Nevertheless, those routes are used 

in the industrial production of traditional powder metallurgy materials due to a lower cost and 

easier processing [21]. The other less common method (not included in Fig. 1-12), such as 
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powder extrusion [66] or shock wave compaction [67], should be mentioned. Despite not 

being a classical powder metallurgy method, additive manufacturing of HEAs, which needs 

an elemental or pre-alloyed powder, develops rapidly in recent years [68]. Powders are also 

required to produce HEA coatings [69]. The powder metallurgy of HEAs is a vast topic. In 

the next subsections, the most common HEAs fabrication techniques, such as mechanical 

alloying, gas atomization, hot-press sintering, and spark plasma sintering, are discussed.   

1.3.2. Mechanical alloying 

Mechanical alloying enables solid-state processing of alloys. The solid-state reactions 

are induced mechanically by the collisions of milling media (usually balls) with introduced 

powders (diffusion couples) in the milling device [50,70]. During mechanical alloying, the 

repetitive cold welding, fracturing, and cold rewelding of mixed powders occur. The scheme 

of the evolution of the powder microstructure during MA is shown in Figure 1-13 based on 

the example of a mixture of titanium and iron powders.  

 

Figure. 1-13. Schematic diagram of the evolution (microstructure) of metallic powders (for example, 

Ti and Fe) during mechanical alloying. Reproduced after Xu et al. [71] under a Creative Commons 

license (https://creativecommons.org/licenses/by-nc-nd/4.0/).  

The solid-state powder metallurgy helps to overcome casting segregation, which is a 

common problem in cast metallic materials [4,49]. Moreover, easiness to obtain 

nanocrystalline structure, extended solid solubility, and synthesis of elements with 

significantly different melting points are also beneficial [4,20,49,70]. MA can be performed in 

many different types of mills, e.g., vibratory, planetary, attritor, centrifugal ball mills [70]. 

Various parameters, which affect the final powder microstructure, are shown in Figure 1-14. 

The choice of milling media is crucial because it could be a source of severe contamination 

due to balls and vial wear. A suitable material of the milling media should be chosen based on 

the hardness, brittleness, and chemical composition of the powder to be milled. The 

atmosphere, commonly argon, is also a crucial factor in MA. The presence of residual oxygen 



 1. Literature review 

 32 

could lead to the formation of oxides. The contamination source could also be the process 

control agent (PCA), which is usually added to prevent agglomeration of particles, or even the 

dust [70]. Hence, the most important disadvantage of mechanical alloying is contamination, 

which can result from different factors.  

 
Figure 1-14. Main factors which affect the final microstructure of milled powders [70].  

Mechanical alloying is used to prepare a wide range of powders such as Oxide 

Dispersed Strengthened (ODS) alloys, intermetallic compounds, nanocomposites, various 

nanomaterials, or metallic glasses [70]. The first article about mechanically alloyed HEA was 

published by Varalakshmi et al. in 2008 [33], only four years after the first publications on 

HEAs [1,2]. Nowadays, mechanical alloying is by far the most common route of fabrication 

of alloyed HEAs powder [21]. It is due to undeniable advantages, which are even more 

critical for HEAs because multicomponent alloys could present a high difference of melting 

temperatures between elements, and the risk of casting segregation is higher than in 

traditional alloys.   

 HEAs are commonly synthesized in planetary mills (e.g., [33,67,80–86,72–79]); 

however, MA in shaker rod mill [87], or in vibrational mill SPEX [38,88–91] were also 

conducted. Process control agents, such as toluene [33,72,75,76,81,86], methanol [74], stearic 

acid [77], N-heptane [79,83–85] and gasoline [82], were especially used for milling in the 

planetary mills. Moreover, the combination of dry milling and wet milling was 

employed [76,92]. Processing in SPEX was conducted without PCA [38,90] or in 

methanol [88,89,91]. In vibrational mills, the risk of sticking of the powder particles to the 
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walls of the vial is much lower than in planetary mill due to the high energy frontal impacts; 

therefore, PCA is not always needed. The most of millings are performed at room temperature 

under argon atmosphere; however, millings at cryogenic temperatures were also carried out 

[38]. Different types of vial and balls materials were used e.g., tungsten carbide [33,72,77,86], 

zirconia [67,73], hardened steel [74,75,80–82,88,90] or stainless steel [38,76,78,79,83–85]. 

The most common ball to powder weight ratios were 5:1 (mainly in SPEX, e.g., [88,89]), 10:1 

[33,67,82,84,86,90,91,72–77,80,81], 13:1 [78], 15:1 [79,83,85] or 20:1 [38]. The MA time 

and speed depend mainly on the chosen composition and factors listed above. The typical 

total time is between 15 and 40 h to obtain a solid solution; longer milling could increase the 

possibility of contamination [20]. The mechanical activation, which could be described as a 

non-completed mechanical alloying (shorter time and less energy in milling), was also 

successfully studied for the elaboration of high entropy alloys [93]. The most abundant papers 

on MA of HEAs deal with the evolution of the microstructure during milling.  

 Mechanical alloying usually produces metastable phases. MA is known to extend solid 

solubility; hence, the probability of obtaining a single solid solution is higher than for other 

fabrication methods [20]. Many alloys present single bcc (e.g., [74,81]) or fcc (e.g., [87,94]) 

after MA; however, sintering or annealing often leads to the formation of multiphase 

structure. Multiphase compositions, especially dual-phase, e.g., a mixture of bcc and fcc, are 

also common for mechanically alloyed HEAs [20]. Subsequent sintering also frequently leads 

to phase transformations. It should be noted that the phase structure after MA and sintering is 

sometimes different than observed in samples prepared by the liquid route [20]. Milling could 

also lead to the formation of an amorphous phase [95], or even total amorphization of an 

alloy [96]. 

 Despite promising results on mechanically alloyed HEAs, the contamination problem 

is the biggest challenge [21,52]. The contamination sources were usually identified as balls 

and vials [73,77,79–81,84–86], the process control agent [74,76,79,81–86], or the atmosphere 

[74,78,83,85]. The contamination could lead to the formation of carbides, oxides, or 

significantly change the final composition of powder [20,21]. Vaidya et al. [86] carefully 

investigated the elaboration of CoCrFeMnNi HEA by powder metallurgy techniques. In the 

mechanically alloyed powder, XRD diffraction revealed a major fcc phase and small peaks 

corresponding to tungsten carbides. The presence of WC is attributed to the erosion of balls 

and vials (both made of WC) during milling. In particular, chromium, due to its bcc structure 

and high melting point, is believed to cause significant erosion damage. After heat treatment 
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and sintering, the WC peaks disappeared (probably due to low fraction), and peaks attributed 

to carbide Cr7C3 appeared. Moreover, microscopic observations revealed the presence of two 

types of oxides. The authors discussed the source of carbon (to form Cr7C3) and the initiation 

moment of the carbide appearance. The conducted Atom Probe Tomography (APT) analysis 

showed that the formation of chromium-rich carbide started during mechanical alloying (Fig. 

1-15). It is in opposition to the general belief that carbides formation is initiated during 

annealing or sintering. Vaidya et al. [86] suggested that toluene, used as process control 

agent, is the primary source of carbon. The results presented above confirmed that the 

contamination, which is difficult to manage, is a huge challenge in mechanical alloying of 

high entropy alloys.  

 
Figure. 1-15. Atom probe tomography analysis: a) distribution of elements in CoCrFeMnNi powder 

after 15h MA, b) proximity histogram, obtained from the dotted box, revealing the presence of 

chromium carbide. Reproduced with permission from Elsevier [86]. 

1.3.3. Gas atomization 

The gas atomization is an alternative route for the preparation of alloyed HEAs 

powders [21]. The atomization technique is classified as powder metallurgy; however, in 

opposition to mechanical alloying, it is not a solid-state method. It consists of three main 

stages: the melting of starting material, the disintegration of melt into small droplets and its 

solidification [97]. The fast cooling rate generally prevents the formation of segregation. The 

gas atomized powder usually has a spherical shape with a smooth surface [70]. The process 

itself is cleaner than mechanical alloying [66]. The main disadvantages of the atomization are 
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a very high cost and limited possibility of preparation of alloys with largely different melting 

temperatures of constituent elements [70]. The HEA powders are usually atomized in argon 

[46,66] or nitrogen [98]. Moreover, liquid atomization in water, which is a cheaper method 

than gas atomization, was performed [99]. Liquid atomization should be only limited to alloys 

with a low affinity to oxygen [97]. The atomized HEA powders are rather used in additive 

manufacturing than in conventional sintering [21].   

1.3.4. Hot-Press sintering 

The hot-press sintering (HP) is one of the consolidation methods from the family of 

hot compaction processes to obtain full density product [97]. It is a solid-state process, where 

the temperature and external pressure act together. Mechanisms, such as plastic yielding, 

creep (power law and diffusional), grain boundary sliding, play an essential role in the 

process. The contribution of each mechanism depends on several factors, i.e., temperature, 

pressure, time, materials and their microstructure, etc. [70,97]. Temperature, by increasing 

atomic motion in the powder, increases the sinterability of the sample; thus, it should be set at 

least above 0.5 Tm, more often between 0.7 and 0.9 Tm [70]. The value of pressure is usually 

limited up to 100 MPa because of the low mechanical resistance of the graphite dies [97]. The 

paper about the simulation of hot press sintering of HEA has been published [100]. The 

schematic illustration of the hot-press sintering device is shown in Fig. 1-16. 

 
Figure 1-16. Scheme showing the hot-pressing technique device. Reproduced after Moustafa et al. 

[101] under a Creative Commons license (https://creativecommons.org/licenses/by-nc-nd/4.0/). 
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Despite not being the most common powder consolidation technique, the hot-press 

sintering is widely used to produce bulk HEAs [21]. The mechanically alloyed powders are 

usually sintered under vacuum (VHPS – vacuum hot press sintering) [79,83,85,87,102]; 

nevertheless, in some papers, information about the atmosphere is missing, e.g., [103]. The 

mechanically alloyed powder is generally loaded into a graphite die, which enables processing 

at high temperature, and then sintered applying uniaxial pressure and temperature 

simultaneously. The most frequently used range of the sintering temperature for HEAs is 

between 700 and 1000 °C, while the pressure is between 30 and 50 MPa [79,83,85,87,102]. 

The standard sintering time is 1 or 2 h.  

In their review, Vaidya et al. [20] listed many single-phase HEAs after mechanical 

alloying, that became multiphase after sintering or annealing. The mechanical alloying, as it 

was mentioned earlier, could extend solid state and thus produces supersaturated phases. 

These metastable phases often undergo a transformation during annealing or sintering. The 

second reason for the formation of new phases is contamination. Contamination could occur 

during mechanical alloying and sintering, mainly by oxygen and carbon [20]. The 

contamination by carbon from graphite die during hot-press sintering of HEAs is rarely 

discussed in the literature [51]. The emphasis is usually put on the contamination during 

mechanical alloying. Nevertheless, the carbon diffusion from graphite die is a problem not 

only limited to the surface, especially for small samples. The oxygen contamination could 

occur during MA and the subsequent sintering due to residual oxygen in the furnace chamber. 

It can lead to the formation of oxides, e.g., Al2O3, TiMnO3,…, during sintering [83,85]. 

Cheng et al. [79] investigated CoCrFeNiMn HEA prepared by mechanical alloying 

followed by vacuum hot-press sintering. The mechanically alloyed powder (45 h) consists of 

a major fcc phase and a small fraction of bcc phase (Fig 1-17a). The vacuum hot-press 

sintered sample presents a major fcc phase, precipitates of carbides M23C6 (M corresponds to 

chromium, iron, and manganese) and σ phase (tetragonal structure) (Fig.1-17b). The minor 

bcc phases disappeared in favor of precipitates during sintering. Carbon, which is needed to 

form carbides, was introduced during MA from the process control agent (N-heptane), and 

balls and vial material. The bulk samples, sintered at 800 °C, present promising mechanical 

properties, i.e., compressive yield strength of 1483 MPa, strain-to-failure of 13.3 %, and 

hardness of 472 HV.  
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Figure 1-17. XRD patterns of CoCrFeMnNi High Entropy Alloy: a) mechanically alloyed powders 

after different milling time, b) consolidated alloys at different sintering temperatures. Reproduced with 

permission from Elsevier [79]. 

Cheng et al. [85] also studied FeCoCrNiMnAlx with different contents of aluminum (x 

from 0 to 1). As-milled powders presented a dual-phase fcc/bcc structure. The sintered 

samples revealed fcc structure for alloys with no aluminum or FeCoCrNiMnAl0.1, while 

higher contents (x>0.1) of aluminum lead to the formation of fcc + bcc structure. The bulk 

samples contain a small fraction of M23C6 and M7C3 carbides. The carbon sources were the 

process control agent and the balls and vials material. The small quantity of Al2O3 in the form 

of 20 nm-diameter particles was found in alloys containing aluminum. The oxygen was 

probably absorbed during MA or sintering. The microstructure of the alloy with no aluminum 

consists of coarse grains (>1 µm) (Fig. 1-18a) and fine grains (100-200 nm) (Fig. 1-18b). The 

chemical compositions and lattice parameters of coarse and fine fcc grains are similar. 

Authors suggested that the formation of carbides can hinder diffusion; hence, the presence of 

fine fcc grains occurs. The bulk samples show promising mechanical properties. Hardness and 

compressive strength increase with increasing Al content, up to 684 HV10N and 2406 MPa, 

respectively. 
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Figure 1-18. TEM BF images and SAED patterns of sintered CoCrFeMnNi High Entropy Alloy: a) 

TEM BF image of coarse grain region, b) TEM BF image of fine-grained region, c) SAED patterns of 

fcc coarse grain, d) SAED patterns of two carbides – M7C3 and M23C6, e) SAED patterns of fcc fine 

grain. Reproduced with permission from Elsevier [85]. 

 The results concerning hot-press sintered HEAs showed the great potential of this 

technique. The hot-pressing could produce samples, which microstructure consists of fine 

grains, with high mechanical properties. Nevertheless, the different sources of contamination 

constitute the main problems. 

1.3.5. Spark plasma sintering 

Spark plasma sintering (SPS) is a common sintering method of nanocrystalline or fine-

grained materials. SPS presents many similarities with hot-press sintering; however, the 

heating method is entirely different. The powder placed in the graphite die is heated by Joule 

effect [70]. The heating rate and cooling rate are very fast, up to 1800 °C/min. The dwell time 

in SPS is usually between 5 and 20 min. A short time coupled with fast heating/cooling rates 

promotes densification and prevents grain growth. Moreover, according to one hypothesis, the 

intervals of direct current, which create spark impact pressure, spark plasma, an electrical 

field diffusion effect, and joule heating, lead to clean and activate the surface of powder [70]. 

Spark plasma sintering is the most common route of the consolidation of HEA 

powders [21]. SPS of HEAs is usually carried out in the range of temperatures between 900 

and 1100 °C [73,74,76,81,84,86,92,94,104], rarely at higher temperatures e.g. 1400 °C [78]. 
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The common pressures employed are 30 MPa [75,78,81,104], 50 MPa [60,63,80] and 60 MPa 

[74,86]. Short time of consolidation is preferred, usually between 3 and 10 min 

[73,74,76,78,81,86,92,94,104]. SPS is usually performed under vacuum [75,94,104] or argon 

[73,84] atmosphere. As it was mentioned earlier, spark plasma sintering prevents significant 

grain growth during consolidation; nevertheless, grain size increases compared to the initial 

mechanically alloyed powder. Joo et al. [73] observed that grains of CoCrFeMnNi HEA 

increase from about 11 nm after MA to 0.28 µm and 1.87 µm after SPS at 900 and 1100 °C, 

respectively. Hence, the bulk alloys should not be considered as nanocrystalline anymore.  

Fu et al. [104] studied the sintering of Al0.6NiFeCrCo and Al0.6NiFeCr mechanically 

alloyed HEA powders by spark plasma sintering and hot-press sintering. The metastable 

structure of MA powders consists of a major bcc and a minor fcc phase. During sintering, 

phase transformations occurred. Samples after SPS and HP consist of a major fcc and a minor 

bcc phase. No significant differences between structures produced by SPS and HP have been 

observed. The contamination problems have not been discussed; nevertheless, neither carbide 

nor oxide peaks are present in the XRD patterns. SPS samples exhibit slightly higher density 

(less porosity) than samples prepared by HP. Authors explained that mass transport during 

SPS is enhanced by an increase of point defect concentration and their mobility due to the 

presence of an electric field. Compression tests and hardness measurements revealed some 

differences in the mechanical properties of alloys consolidated by SPS vs. HP. For 

Al0.6NiFeCrCo, yield strength (σy) and hardness are slightly higher, while compressive 

strength (σmax) and strain to failure (εf) are lower for the SPS than for the HP sample (Table 1-

2, Fig. 1-19). The authors suggested that higher compressive strength of the HP sample is 

related to larger grains (longer time of consolidation by HP than by SPS), which can facilitate 

the intergranular accumulation of dislocations and thus obtain the stronger strain-hardening 

effect. However, the Al0.6NiFeCr alloy sintered by SPS presents higher compressive and yield 

strength than HP alloy, but lower strain to failure.  

Table 1-2. Mechanical properties obtained from the compression test and hardness measurements 

[104].  

Alloy Sintering  σy [MPa] σmax [MPa] εf [%] HV0.3 

Al0.6NiFeCrCo SPS 1870 2150 10.6 594 

Al0.6NiFeCrCo HP 1830 2298 10.8 570 

Al0.6NiFeCr SPS 1607 1992 11.2 552 

Al0.6NiFeCr HP 1420 1948 13.5 431 
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Figure 1-19. Compressive room temperature stress-strain curves of sintered HEAs. Reproduced with 

permission from Elsevier [104].   

 The study conducted by Fu et al. [104] showed that for some HEAs composition, e.g., 

Al0.6NiFeCrCo, SPS is not an obviously superior method over hot-press sintering. Despite that 

most of HEAs are sintered by SPS, HP also presents excellent potential in powder metallurgy 

of high-entropy alloys. 
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1.4. Conclusions and objectives 

In this literature review, a general overview of HEAs, methods of designing new 

compositions, and powder metallurgy processing have been presented. High entropy alloys 

(or compositionally complex alloys, or multi-component alloys depending on definition and 

nomenclature) have changed metallurgy by showing the almost infinite potential of multi-

component alloys with compositions close to equiatomic. The increase in the number of 

publications in this field is exponential. 

 HEAs usually present a simpler structure than expected. The explanation of solid 

solution stabilization by high configurational entropy is often undermined; nevertheless, it is 

not fully understood [23,26,27]. It was suggested that many parameters, such as mixing 

enthalpy or atomic size difference, play an essential role too [26,27]. HEAs could be 

classified into a few categories, depending on the constituent elements; the 3d transition metal 

and refractory metal HEAs are the most common ones [32]. The promising mechanical 

properties, which were already revealed for serval compositions, could be combined with 

excellent functional properties to compete with currently used traditional materials for some 

applications [5]. The liquid route of processing (melting and casting) is the most common, 

although powder metallurgy, mainly mechanical alloying, which presents many advantages, 

develops rapidly [21].  

The design of new HEA compositions provides many challenges. The number of 

potential compositions is almost infinite; hence, it is not possible to study all systems 

experimentally. The basic tool to design multi-component compositions is the parametric 

approach [4,17,58,59]. Although the parametric approach is not an ideal tool to predict phase 

structure, it is widely used to choose the alloy’s components and their ratios. The CALPHAD 

method, which is also a common way to design HEAs, can be used to screen many potential 

HEAs [22] or, more often, to slightly modify the composition obtained by the parametric 

approach to produce desired structure [62]. Both approaches, having important limitations, are 

essential tools in the search for new HEAs.   

The powder metallurgy of HEAs develops rapidly due to its undeniable advantages, 

such as the absence of dendritic segregation, the extended solid solubility, the possibility of 

preparation of alloys with a significant difference in melting points of constituent elements, 

the nanocrystalline microstructure [4,20,49,70]. Many promising compositions with single 
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bcc or fcc phases and multiphase structures with nano-size grains were prepared by 

mechanical alloying [20]. The main disadvantage is the contamination by carbon and oxygen 

coming from the vials and balls materials, and process control agent [20,21]. The 

contamination could change the final powder composition significantly and cause the 

formation of carbides and oxides. However, in some cases, the formation of carbides and 

oxides could be beneficial from the mechanical resistance point of view. The consolidation of 

mechanically alloyed powders is generally done by spark plasma sintering method or other 

solid-state consolidation processes such as hot-press sintering [21]. During sintering, 

metastable phases produced by MA undergo phase transformations, which often lead to a 

multiphase structure. Moreover, the contamination induced during MA and sintering could 

lead to the formation of oxides, carbides, etc. [20]. Nevertheless, the optimization of 

mechanical alloying and sintering enables to master the phenomena of contamination and 

obtain the target composition with a very small fraction of phases resulting from the 

contamination. The sintering methods usually preserve relatively fine-grained microstructure, 

which results in improved mechanical properties. Many published papers present interesting 

and promising results of HEAs prepared by powder metallurgy techniques; hence these 

fabrication methods are worth of interest.  

The purpose of this thesis is to produce a new high entropy alloy with high mechanical 

properties by the powder metallurgy technique. The equiatomic composition was taken from 

the list of promising candidates for HEA, obtained by CALPHAD calculations by Senkov et 

al. [22]. However, the chosen system was not experimentally studied prior to this thesis. The 

equiatomic composition was optimized using the parametric approach and based on first 

experimental results. To produce bulk HEA, mechanical alloying, followed by hot-press 

sintering, was chosen. The mechanical alloying was chosen to prevent casting segregation and 

eventual evaporation of elements due to the significant difference in melting temperatures. 

Hot-press sintering was chosen to consolidate mechanically alloyed powders while 

maintaining fine grains. The structure, microstructure, and mechanical properties were 

analyzed.  
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2. Experimental procedures  

In this chapter, the procedures to choose the HEA chemical composition and the 

fabrication methods of powder and bulk samples are discussed. Moreover, the 

characterization methods of microstructure, thermal stability, and mechanical properties are 

presented.  

2.1. Choice of HEA composition  

 The Al-Cr-Fe-Mn-Mo system, which had not been experimentally studied yet, was 

chosen using a parametric approach (presented in detail in the Literature review in subsection 

“1.2.1. Parametric approach”). The parametric approach consists of calculating several 

parameters such as the mixing enthalpy, the mixing entropy, the atomic size difference, the 

valance electron concentration, and omega (combining effects of melting temperature, the 

enthalpy, and entropy of mixing). A careful literature review of novel HEA compositions was 

also conducted. In particular, the paper by Senkov et al. [22], evaluating many equiatomic 

alloys by CALPHAD calculations caught our attention. Our focus was to choose a HEA 

system, which presents a promising structure (primary bcc phase) according to CAPLHAD 

and parametric approach predictions, and good mechanical properties, mainly high strength 

and hardness. The data to calculate parameters was taken from the literature. Takeuchi et al. 

[105] calculated mixing enthalpy of binary systems using Miedema’s macroscopic model. 

The results were used to calculate the mixing enthalpy of HEA. The atomic radii (to calculate 

the atomic size difference) and electronegativity (to calculate the electronegativity difference) 

were taken from a paper by Senkov et al. [106] and from an article by Fang et al. [107], 

respectively. 

2.2. Alloy preparation 

2.2.1. Mechanical alloying 

 Alloyed powders were prepared by mechanical alloying (MA) of elemental powders 

which were purchased commercially from the Goodfellow Company. The particle size and 

purity are listed in Table 2-1. 

Table. 2-1. Particle size and purity of elemental powders. 

 Al Cr Fe Mn Mo 

Particle size [μm] <15 38-45 <60 <45 <350 

Purity [wt. %] >99.0 >99.0 >99.0 >99.5 >99.9 
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The mechanical alloying was performed at room temperature, using the following 

three devices: a planetary mill RETSCH PM-100 and two different vibrational mills SPEX 

8000 and CryoMill. During the initial stage of this study, the milling time was optimized as a 

function of obtained results (homogeneity, contamination). The detailed information about 

milling time and speed is presented in the chapter “4. Mechanical alloying of HEA powder”. 

The milling parameters are listed in Table 2-2. Milling time breaks were applied to prevent 

the temperature rise (MA performed at room temperature) due to balls-vial-powder collisions. 

The duration of the interruptions was chosen from preliminary tests carried out separately for 

each device. To avoid confusion in this thesis, only the effective milling time (without breaks) 

is indicated. The balls and vials for all mills were made of hardened steels. The ball-to-

powder weight ratio was 10:1; however, the number of balls, their size, and the vial volume 

depend on the mill (see Table 2-2). The stearic acid (C18H36O2) was added as process control 

agent for milling in planetary mill RETSCH to prevent powder agglomeration on vial and 

balls surface during MA. The MA in vibrational mills was carried out without the addition of 

a process control agent because the frontal impacts in vibration mills cause less risk of 

sticking powder to the walls of the vial. All manipulations with powder before milling, 

including weighing, were performed in a glove box under argon atmosphere. The vials filled 

with powder were hermetically closed under argon atmosphere.  

Table 2-2. Optimized mechanical alloying parameters for milling in RETSCH, CryoMill, and SPEX 

devices. 

Parameter RETSCH PM-100 CryoMill SPEX 8000 

Rotation speed or 

frequency 
300 rpm 15/20/25 Hz 18 Hz 

Milling cycle 

(milling time/break 

time) 

30 min / 15 min 90 min / 5 min 60 min / 30 min 

Number and size of balls 
3 balls (Φ = 20 mm) and 

6 balls (Φ = 10 mm) 

2 balls 

(Φ = 10 mm) 

2 balls 

(Φ = 10 mm) 

Average weight of balls 105 g 12 g 12 g 

Ball-to-powder weight 

ratio 
10:1 10:1 10:1 

Vial volume 125 ml 50 ml 50 ml 

Process control agent 2 wt.% of stearic acid — — 
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2.2.2. Annealing 

The MA powders were annealed under vacuum in sealed quartz tubes or under argon 

in an atmosphere-controlled furnace. In the second case, powders were placed in an alumina 

crucible. The annealing in quartz tube was performed in a Nabertherm furnace, while the 

annealing under argon was carried out in a Centorr Vacuum Industries furnace (a secondary 

vacuum was obtained in the graphite chamber before the introduction of argon). The 

annealing was conducted with heating and cooling rates of 10 °C/min. The annealing time (at 

the chosen temperature) was 1 h. 

  2.2.3. Hot press sintering  

 The consolidation by hot press sintering was chosen to produce bulk samples. The MA 

powder was placed into a 10-mm-diameter graphite die (radius, r = 5 mm). For the easier 

removal of sintered samples, graphite foils were placed between the walls of die, punches, and 

the powder. Simple calculations were made to find the weight of needed powder (mpowder) to 

produce sintered samples of 5 mm height (h) (the samples of 7 to 8 mm of height were also 

sintered for compression tests). The bulk sample density (ρbulk), calculated on the basis of the 

density of the pure elements (Table 2-3), is between 6.59 and 7.05 g cm-3, depending on the 

chemical composition. It is the reason why the ρbulk value of 7.00 g cm-3 was adopted to 

simplify the calculations. The volume of the sintered sample (Vbulk) was calculated using the 

following formula: 

Vbulk = π ∙ r2 ∙ h = π ∙ (0.5 cm)2 ∙ 0.5 cm = 0.39 cm3 (2.1) 

where r and h are defined in the above text, and the needed powder weigh (mpowder) using the 

formula below: 

mpowder = ρbulk ∙ Vbulk = 7.00 g cm-3 ∙ 0.39 cm3 = 2.73 g  (2.2) 

Table 2-3. Densities of pure elements. 

Element Density [g/cm3] 

Al 2.70 

Cr 7.19 

Fe 7.87 

Mn 7.21 

Mo 10.28 

It should be noted that one mechanical alloying cycle in SPEX or CryoMill produces only 1 to 

1.2 g of powder. Thus, three millings are needed for the sintering of a sample of 5 mm in 
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height. As the contamination during MA could vary slightly between different cycles, special 

attention was given to mix powders issued from different millings before introducing it into 

the die.  

The hot-press sintering of powder was performed under argon or vacuum in a high-

temperature Centorr Vacuum Industries furnace coupled with an Instron 4507 press. The 

heating and cooling rates were 10 °C/min, which is a common rate for hot-press sintering. 

The pressure was 80 MPa (force, F = 6280 N); this is the maximum value acceptable for 

graphite die. The sintering time was 1 h or 2 h to densify samples without causing a 

significant grain growth. The sintering was performed in the temperature range between 950 

and 1250 °C (chosen based on the DSC and powder annealing results). As a first stage of the 

heating procedure, an annealing at 400 °C for 30 min was carried out under vacuum (<1.5 Pa) 

to degas the powder while avoiding phase transformations. After this first step, the argon is 

introduced into the furnace chamber before the second temperature ramp-up to the sintering 

temperature. The cycle of sintering is schematically shown in Fig. 2-1.  

 
Figure 2-1. Schematic representation of the sintering cycle.  

Moreover, one sample was prepared by arc melting to verify the possibility of the preparation 

of the alloy from the Al-Cr-Fe-Mn-Mo family by the liquid route. The selected mechanically 

alloyed powder was pre-sintered at 600 °C for 1 h under argon atmosphere (load 80 MPa). 

The consolidated sample was arc melted in a Bühler Compact Arc Melter MAM-1 under 

argon partial pressure. 
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2.3. Material characterization  

2.3.1. Structural and microstructural characterizations of MA powders 

 The structural and microstructural characterizations of MA powders were carried out 

by X-ray diffraction (XRD), Mössbauer spectrometry (MS), Scanning Electron Microscope 

equipped with Energy-Dispersive X-ray spectroscopy (SEM-EDX), and Transmission 

Electron Microscope with EDX (TEM-EDX) (only on selected powders). The XRD analyses 

were performed using X’PERT Pro Philips – Panalytical operating at 40 kV and 20 mA 

equipped with a cobalt tube. The average value of the λKalphaCo 
(1.79026 Å) was calculated 

based on the λKalpha1Co (1.78897 Å) and the λKalpha2Co (1.79285 Å). The λKbetaCo 

(1.62079 Å) is not visible due to an iron filter. Data were acquired in a continuous mode at the 

rate of 0.03° /min with the range (2θ) between 20 and 120°. Beam masks of 10 mm and fixed 

divergence and anti-scatter slits of 1° were used in the exit of the cobalt tube. A 1° slit was 

placed before the detector. Mössbauer spectrometry was conducted at room temperature, 

using a 57Co (Rh) source and Aries-Wissel devices. Deconvolution of Mössbauer spectra was 

performed using Lorentzian shape peaks and iron as reference to determine the Mössbauer 

parameters. The parameters, such as Hyperfine Field (HF), peak Width (W), Isomer Shift 

(IS), Quadrupole Splitting (QS), and the relative Amount of each iron environment (A) were 

calculated.  

 SEM observations were performed on non-polished and polished mechanically alloyed 

powders by SEM JEOL JSM-7800F equipped with EDX. The as-milled powders were 

bonded to a carbon tape. The investigations were conducted using the secondary electron 

signal (15 kV) to determine particle size, shape, and surface appearance. The MA powders 

were also hot mounted using a Struers CitoPress-1 device for 210 s at 180 °C under 250 bar 

pressure in PolyFast resin and polished by SiC grinding papers P320-P4000 using water as 

lubricant, and then the final polishing was done using diamond pastes up to 0.25 µm. The 

SEM observations (secondary (SE) and backscattered electron (BSE) signals) coupled with 

EDX analyses were performed at an acceleration voltage range between 5 kV and 20 kV to 

observe the surface features and evaluate the MA powders chemical homogeneity. 

 The selected powders for TEM characterization were prepared by focused ion beam 

(FIB) (powders analyzed by TEM Titan) or by traditional method. The conventional method 

consists of mixing the MA powder with M-bond adhesive. The mixture was left for at least 

24 h to cure thoroughly. Then, the powder was roughly polished by SiC papers (P2400 and 
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P4000) to reduce the thickness down to about 50 µm. Subsequently, the polished sample was 

glued to a copper TEM support grid. Final thinning was performed using ion mill – Gatan 

Duo Mill. TEM analyses were carried out using a TEM FEI Tecnai G2–20 twin at 200 kV or 

a TEM FEI Titan Themis at 300 kV, both equipped with EDX. Bright-field images and 

STEM mode images with EDX maps were acquired. 

  2.3.2. Thermal stability of MA powders 

 The thermal stability of the powders was investigated by analyzing their structure and 

microstructure after annealing under vacuum (quartz tube) or argon atmosphere by XRD, 

SEM-EDX, and Mössbauer spectrometry. The preparation methods and analysis parameters 

were the same as for non-heat treated powders (Subsection 2.2.1.). Moreover, Differential 

Scanning Calorimetry (DSC) was performed to determine phase transformation temperatures 

in selected samples. The analysis was performed on mechanically alloyed powders using a 

Netzsch DSC 404C device. The MA powder, about 10 mg (accuracy of ± 0.01 mg), was 

inserted into an alumina crucible. Then, DSC was carried out under constant high-pure argon 

flow with the heating and cooling rates of 10 °C/min from room temperature up to 1480 °C. 

Two cycles of heating and cooling were performed. Before the series of tests on HEA 

powders, the DSC device was calibrated using the enthalpy and melting temperatures of 

elements such as indium, tin, bismuth, zinc, aluminum, silver, and gold. The baseline scans 

were performed before each measurement.  

  2.3.3. Density measurements of sintered samples 

The density of the sintered samples was determined according to the Archimedes 

principle. The measurements were carried out in air and ethanol using a Mettler Toledo 

balance. The density (ρBA) was calculated using the following formula:  

    𝜌𝐵𝐴 =  
𝐴

𝐴−𝐵
 (𝜌𝑒𝑡ℎ𝑎𝑛𝑜𝑙 − 𝜌𝑎𝑖𝑟) +  𝜌𝑎𝑖𝑟      (2.3) 

where A is the weight of the sample in air, B is the weight of the sample in ethanol, ρethanol = 

0.790 g cm-3, ρair = 0.001225 g cm-3.  

  2.3.4. Structural and microstructural characterizations of bulk samples 

The structural and microstructural characterizations of bulk samples were carried out 

by XRD, SEM-EDX, TEM-EDX, and Electron BackScatter Diffraction (EBSD). The 
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parameters of the analyses presented in this thesis are the result of an optimization. The XRD 

was performed using the same device and parameters as MA and annealed powders, except 

the use of a 5 mm beam mask due to the smaller size of bulk samples. For SEM-EDX, the 

samples were cut to be analyzed in cross-sections. Then, the samples were hot mounted and 

polished (SiC papers P80-P4000 and diamond pastes up to 0.25 µm). The SEM observations 

(secondary and backscattered electron signals) coupled with EDX analyses were performed at 

5-20 kV using SEM JEOL JSM-7800F to analyze the homogeneity of the chemical 

composition.  

 The initial preparation procedure of EBSD samples was similar to SEM samples. 

However, after polishing using 0.25 µm diamond paste, the samples were polished in a 

Buehler VibroMet 2 with OP-S NonDry colloidal silica suspension for three cycles of 

20 minutes to obtain a better surface quality. Final preparation was done using a Fischione 

Instruments' Model 1061 SEM Mill by ion milling for 20 minutes at 5 kV. Subsequently, the 

prepared sample was immediately introduced into the SEM chamber to limit the oxidation and 

contamination of the surface. EBSD was conducted in SEM JEOL JSM-7800F equipped with 

an EBSD Oxford Instrument (hkl Nordlys Max² detector). Before the EBSD experiments, the 

CIF files (Crystallographic Information File) were created based on the information about the 

supposed phases from XRD and SEM-EDX investigations. Then, the CIF files were entered 

into Aztec HKL software. The step size of the analysis was set to 40 nm. The processing of 

obtained data was carried out using Aztec HKL software, followed by ATEX software [108]. 

The EBSD mapping was performed to determine the mean grain size and phase ratio. The 

analyses were performed in the center of the samples, far from the contact surface with 

graphite die during sintering.  

The sintered samples for TEM observations, taken from areas far from the surface, 

were prepared by using focus ion beam (FIB) or ion milling. The samples for ion milling were 

cut into small pieces from sintered samples and then mechanically polished to the thickness of 

about 100 µm. The thinned samples were glued on a copper TEM support grid. The final 

thinning was conducted using a Gatan Precision Ion Polishing System (PIPS) until the 

formation of a hole in the center. TEM analyses were performed using a TEM FEI Tecnai 

G2–20 twin at 200 kV or a TEM FEI Titan Themis at 300 kV, both equipped with EDX. 

Bright-field images with corresponding SAED patterns in different orientations were 

performed to confirm the presence of phases. STEM mode images with EDX maps were also 

acquired.   
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Moreover, DSC of the selected sintered sample was performed up to 1480 °C using 

similar conditions as for the powder samples (Subsection 2.2.2.). The sample after the DSC 

experiment was analyzed by SEM-EDX and XRD.  

  2.3.4. Mechanical properties  

The mechanical properties of sintered samples were evaluated by micro-indentation 

and compression tests. The Vickers micro-hardness measurements were carried out using a 

CSM Instruments Micro-Hardness Tester. The analyses were carried out in the center of the 

samples under loads of 0.5 N, 0.75 N, 1 N, 2 N, 5 N, 9 N to assess the influence of the load on 

the micro-hardness value. The dwell time was 10 s. At least 15 measurements for each sample 

and load were performed. The distance between indents was at least three diagonal lengths. 

The obtained data were analyzed using the Oliver-Pharr method [109]. Besides hardness, 

Young’s moduli were determined from the indentation curves. 

The compression tests were performed on cylindrical samples (diameter, d=3 mm; 

height, h=4.5 mm). Samples were cut from the sintered samples (d=10 mm, h=7-8 mm) using 

an Electrical Discharge Machining (EDM) to obtain 3 mm-diameter cylinders. The cut 

cylinders were hot mounted and then polished using a Struers Tegramin-30 automatic 

polishing machine to reduce the height to 4.5 mm and ensure the surface parallelism. The 

polishing surface was changed every two minutes. The final polishing was performed using a 

3 μm diamond paste to obtain sufficient surface quality. The compression tests at room 

temperature were carried out in the air with a strain rate of 10-3 s-1 using an Instron 8031 

machine. The test was continued until the fracture of the sample. The fracture surface of 

samples tested at room temperature was analyzed by SEM-SE. The compression tests at 

higher temperatures (400, 500, 600, 650, 700, 800 °C) were performed using an Instron 4507 

press coupled with a high-temperature Centorr Vacuum Industries furnace with a strain rate of 

10-3 s-1. The samples were heated up to the test temperature with a rate of 10 °C/min under 

argon atmosphere and held for 5 minutes before testing. The testing was performed until the 

fracture of the sample or reaching true strain of about 32 %, depending on the temperature.  
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3. Design and optimization of a new High Entropy Alloy 

composition  

In this chapter, the parametric approach calculation for three compositions from the 

Al-Cr-Fe-Mn-Mo HEA family is presented. This approach allowed a quick verification and 

optimization of the chemical composition in order to increase the probability of producing a 

single bcc phase. The results of the calculation of parameters, defined in Subsection 1.2.1., are 

presented in Table 3-1. 

Table 3-1. Summary of parametric approach calculations for alloys from the Al-Cr-Fe-Mn-Mo family.   

Parameter « HEA »  

20%Al, 20%Cr, 

20%Fe, 20%Mn, 

20%Mo  

22.5%Al, 

22.5%Cr, 28% Fe, 

20%Mn, 7%Mo 

19%Al, 22%Cr, 

34%Fe, 

19%Mn, 6%Mo 

Enthalpy of mixing  

[kJ/mol] (∆Hmix)  

-10< 

∆Hmix <5 
-6.56 -8.30 -7.39 

Entropy of mixing 

[J/(K∙mol)] (∆Smix)  
> 12.47  13.38 12.77 12.47 

Atomic size difference 

[%] (𝛿) 
< 6.6 5.45 5.87 5.78 

Electronegativity 

difference (∆χ) 
<0.175 0.220 0.162 0.156 

Valence electron 

concentration (VEC) 

<6.87 

(to form 

bcc) 

6.00 6.09 6.30 

Omega () 

(Ω =  
𝑇𝑚Δ𝑆𝑚𝑖𝑥

|Δ𝐻𝑚𝑖𝑥|
) 

>1.1 3.81 2.64 2.93 

3.1. Equiatomic composition 

Our initial focus was to choose a HEA with a single bcc phase to produce an alloy 

with improved mechanical properties. The bcc structure usually presents a high mechanical 

resistance and a sufficient ductility at high temperatures. The Al-Cr-Fe-Mn-Mo family was 

chosen during the Master internship of Surya Nilamegam Kumaran [110]. Elements such as 

iron, manganese, and chromium were chosen first; thus, they are frequently used in many 

HEAs, and the cost of their powders is relatively low. In addition, chromium should increase 

the corrosion resistance of the alloy. The other two elements were chosen from a group of 

elements such as aluminum, cobalt, nickel, molybdenum, titanium, silicon, vanadium, zinc, 

and zirconium, based on the parametric approach (especially, valence electron concentration 
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to form bcc structure) and based on the availability of the powders in the laboratory. 

Moreover, the promising results by CALPHAD screening studies published by Senkov et al. 

[22], which are discussed in the “Literature review” of this thesis, confirm that the Al-Cr-Fe-

Mn-Mo system is a good candidate for experimental studies. The investigated system is new; 

hence, the CALPHAD results could not be completely reliable due to limited information in 

databases. The parametric approach calculations were done carefully to check and optimize 

the composition of HEA from the Al-Cr-Fe-Mn-Mo family to promote the formation of a 

solid solution and prevent intermetallic compounds.  

The parameters calculated for the equiatomic composition are in a good range of 

values, except for the electronegativity difference. The enthalpy of mixing, which is very 

important in phase prediction, is between values for which most alloys form solid solution 

[17]. The entropy of mixing is superior to the widely accepted 1.5 R (R= gas constant = 

8.314 J K-1 mol-1; 1.5 R = 12.47 J K-1 mol-1) value [4], thus, whether or not the entropy plays 

a dominant role in the stabilization of a single solid solution, this composition can be 

classified as HEA. The atomic size difference is lower than the critical value of 6.6 %. 

However, it was shown that alloys with the range of 5.0-6.6 % could form solid solution 

phases, either intermetallic compound. 𝛿 below 5.0 % significantly limits the formation of 

ordered phases [59]. The electronegativity difference of the equiatomic composition is too 

high compared to the value found in the literature (0.175) [60]. Although some molybdenum-

containing alloys with higher electronegativity difference present a single bcc structure, it 

seems that large calculated electronegativity difference can favor the formation of 

intermetallic compounds [60]. The valence electron concentration of equiatomic has the value 

to form a bcc. It is in agreement with general intuition; four of five elements (except 

aluminum) present bcc structure; moreover, aluminum is known to stabilize the bcc phase 

[61]. Furthermore, the omega parameter is definitely in the perfect range to form a solid 

solution. 

3.2. Optimization using parametric approach 

The large electronegativity difference of the equiatomic alloy could lead to the 

formation of undesirable intermetallic compounds. The influence of each element on the 

electronegativity difference was carefully investigated. Molybdenum presents the highest 

electronegativity among components and contributes significantly to the large 

electronegativity difference of the alloy. Hence, the only way was to reduce the molybdenum 
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concentration and increased the content of other elements. After many calculations, it was 

decided that molybdenum will be reduced to 7 at. %, while the content of iron, aluminum, 

chromium will be increased, and the manganese content will be kept constant. The iron 

content will be increased most significantly due to the low cost of iron powder. The optimized 

composition (22.5% Al, 22.5% Cr, 28% Fe, 20% Mn, 7% Mo) presents all parameters in a 

good range for solid solution formation, including the electronegativity difference, which is 

well below the critical value (see Table 3-1). Nevertheless, it should be mentioned that the 

entropy of mixing decreased slightly; the highest value is always achieved for equiatomic 

concentrations of atoms. The atomic size difference and valence electron concentration 

increase their value, which could not be beneficial to form a single solid solution. The 

CALPHAD calculations for the optimized composition using Thermo-Calc software with 

TCHEA2 database were performed in collaboration with Dr. Peter Klaver from TU Delft. The 

results show a multiphase structure at room temperature, i.e., two bcc B2 phases, σ phase, and 

intermetallic compound type Cr3Si (A15). The CALPHAD calculation due to limitations of 

databases could be considered only as an indication and not as reliable result. 

The composition (19% Al, 22% Cr, 34% Fe, 19% Mn, 6% Mo) developed based on 

experimental results (named experimentally optimized, it will be discussed in the next 

chapters), was verified by the parametric approach. All parameters are in good range to form a 

solid solution; the electronegativity difference is even lower than in optimized alloy 

(22.5% Al, 22.5% Cr, 28% Fe, 20% Mn, 7% Mo) (see Table 3-1). On the other hand, the 

atomic size difference and the valence electron concentration values are higher than in 

equiatomic alloy, which is generally not beneficial for the formation of a solid solution. The 

mixing entropy of the experimentally optimized composition (19% Al, 22% Cr, 34% Fe, 

19% Mn, 6% Mo) has exactly the limit value for the HEA.  

3.3. Discussion and summary 

Two compositions, equiatomic and optimized (22.5% Al, 22.5% Cr, 28% Fe, 

20% Mn, 7% Mo), were selected for experimental investigation. Moreover, the composition 

(19% Al, 22% Cr, 34% Fe, 19% Mn, 6% Mo, named experimentally optimized), determined 

experimentally and verified by the parametric approach, was also chosen for further studies. 

The parametric approach made it possible to check quickly, by simple calculations, the 

probability of the formation of a single solid solution phase in selected HEAs from the Al-Cr-

Fe-Mn-Mo system. Nevertheless, it should be noted that the ranges of values to form HEA 
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and solid solutions phases are based on experimental results for other multicomponent 

systems; in other words, the fundamental, convincing explanation of the parametric approach 

based on a physical basis does not exist [27]. All three compositions could probably form a 

solid solution. However, the vast electronegativity difference of equiatomic alloy could be a 

problem; therefore, it could lead to the formation of intermetallic phases. 
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4. Mechanical alloying of HEA powder 

In this chapter, the mechanical alloying of three compositions of HEAs powders are 

discussed. The investigations concerning the structure, the microstructure, the chemical 

homogeneity, and the contamination, depending on milling conditions, allowed the 

optimization of the mechanical alloying parameters and the choice of powders for further 

research to prepare bulk samples. The list of the powder samples prepared by mechanical 

alloying is shown in Table 4-1 to present the results clearly (more details in Appendix - 

Names of samples). 

Table 4-1. List of powder samples prepared by mechanical alloying. 

Name of sample Initial composition of powder (at. %) Milling conditions  

P-EQ-S16h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo SPEX 16 h 

P-EQ-S32h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo SPEX 32 h 

P-EQ-S64h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo SPEX 64 h 

P-EQ-RFe-S32h 
22.2% Al, 22.2% Cr, 11.2% Fe, 22.2% Mn, 

22.2% Mo 
SPEX 32 h 

P-EQ-NFe-S32h 25% Al, 25% Cr, 25% Mn, 25% Mo SPEX 32 h 

P-EQ-R70h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo RETSCH 70 h 

P-EQ-R70hS1h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo 
RETSCH 70 h + SPEX 

1 h 

P-EQ-R70hS2h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo 
RETSCH 70 h + SPEX 

2 h 

P-EQ-R70hS4h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo 
RETSCH 70 h + 

SPEX 4 h 

P-EQ-C32h-

15Hz 
20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (15 Hz) 32 h 

P-EQ-C32h-

20Hz 
20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (20 Hz) 32 h 

P-EQ-C32h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (25 Hz) 32 h 

P-EQ-C64h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (25 Hz) 64 h 

P-EQ-C32hS8h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo 
CryoMill (25 Hz) 32 h + 

SPEX 8 h 

P-EQ-RFe-

C32hS8h 

22.2% Al, 22.2% Cr, 11.2% Fe, 22.2% Mn, 

22.2% Mo 

CryoMill (25 Hz) 32 h + 

SPEX 8 h 

P-O-S32h 
22.5% Al, 22.5% Cr, 28% Fe, 20% Mn,  

7% Mo 
SPEX 32 h 

P-O-C32h 
22.5% Al, 22.5% Cr, 28% Fe, 20% Mn,  

7% Mo 
CryoMill (25 Hz) 32 h 

P-O-C32hS8h 
22.5% Al, 22.5% Cr, 28% Fe, 20% Mn,  

7% Mo 

CryoMill (25 Hz) 32 h + 

SPEX 8 h 

P-OE-S32h 19% Al, 22% Cr, 34% Fe, 19% Mn, 6% Mo SPEX 32 h 
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4.1. Chemical homogeneity, contamination and phase composition of 

MA powders 

4.1.1. Equiatomic powder  

Firstly, the mechanical alloying of equiatomic composition in three different mills was 

studied. The combination of different successive millings was also evaluated. As a result, 

optimal milling conditions are proposed.   

    4.1.1.1. SPEX  

In the first stage of this investigation, millings in SPEX for 16, 32, and 64 h of starting 

equiatomic composition were performed (P-EQ-S16h, P-EQ-S32h and P-EQ-S64h, 

respectively). The XRD analyses show the formation of two bcc phases (called bcc#1 and 

bcc#2) for all studied processing times. It should be noted that the intensity of bcc#1 and 

bcc#2 peaks are quite similar (Fig. 4-1), which suggests that both volume fractions are very 

close. In Table 4-2, the lattice parameters of formed structures, which present rather close 

values after different milling times, and final overall chemical compositions of powders are 

shown. The SEM-BSE (Fig. 4-2) and EDX analyses reveal non-milled particles of 

molybdenum and iron in powder milled for 16 h. The milling time of 32 h and 64 h produced 

rather homogenous powders. The composition of each bcc phase cannot be determined at the 

SEM scale due to the nanocrystalline grain size. Nevertheless, the bcc#1 lattice parameter is 

close to the lattice parameter of pure molybdenum, so that phase is probably enriched by 

molybdenum. The bcc#2 lattice parameter is close to that of pure iron and chromium. For all 

studied mechanical alloying conditions, the powder is severely contaminated by iron due to 

the wear of balls and vial. Without surprise, the contamination increases with the milling time 

and the contamination for milling during 64 h is the highest. In the literature, the iron 

contamination from the erosion of steel balls and vial during milling of HEA in the SPEX 

device was also found [111]. The SEM observations of non-polished milled (P-EQ-S32h) 

powder show agglomeration of small particles (Appendix A, Fig. A1a). The size of the 

majority of particles is between 3 and 5 µm, although 10 µm particles could also be easily 

found. The surface is rugged, which proves that shocks during milling in SPEX are highly 

energetic.  

The mechanical alloying in SPEX presents advantages (homogeneity of powder) and 

disadvantages (contamination). The 16 h and 64 h milling were abandoned due to insufficient 

homogeneity (especially non-milled particles of molybdenum) and very high contamination 
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by iron, respectively. Nevertheless, the powders highly contaminated by iron present the 

parameters in good range to form HEA except for the electronegativity difference. The 32 h 

milling was retained for further investigation. However, to obtain a final composition not too 

enriched in iron, the amount of iron powder that was initially introduced into the vial was 

reduced.  

 
Figure 4-1. XRD pattern of the equiatomic powder after milling in SPEX for 16 h (P-EQ-S16h) and 

32 h (P-EQ-S32h).  

Table 4-2. Summary of MA results of the equiatomic powder milled in SPEX.  

Sample Final composition and homogeneity 
Lattice parameters 

bcc#1 bcc#2 

P-EQ-S16h 
17% Al, 18% Cr, 33% Fe, 16% Mn, 16% Mo 

(heterogeneous; non-alloyed Mo particles) 
3.14 Å 2.93 Å  

P-EQ-S32h 
17% Al, 19% Cr, 29% Fe, 18% Mn, 17% Mo 

(homogeneous) 
3.13 Å 2.94 Å 

P-EQ-S64h 
16% Al, 16% Cr, 37% Fe, 15% Mn, 16% Mo 

(homogeneous) 
3.13 Å 2.96 Å 
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Figure 4-2. SEM-BSE images of the equiatomic powder after milling in SPEX a), P-EQ-S16h, b) P-

EQ-S32h, c) P-EQ-S64h.  

Powders with reduced content of iron (22.2% Al, 22.2% Cr, 11.2% Fe, 22.2% Mn, 

22.2% Mo, P-EQ-RFe-S32h) and without iron (25% Al, 25% Cr, 25% Mn, 25% Mo, P-EQ-

NFe-S32h) in their starting composition were also tested to produce an alloy with a final 

equiatomic composition, including iron (coming from balls and vial). The results after 32 h of 

milling show homogeneous microstructure at the SEM scale (nevertheless, some iron particles 

were found); however, the content of iron in alloyed particles is higher than 20 at. % (see 

Appendix A, Figs. A2 and A3, Table A1). It means that the relative increase of iron 

concentration for both alloys is unexpectedly much higher than for the starting equiatomic 

powder. A possible explanation is a higher concentration of molybdenum and chromium (both 

highly hard) in the initial powder composition, which probably causes a more significant 

erosion of balls and vials materials. Moreover, the pure molybdenum particles are much larger 

than other powders and thus contribute to wear even more significantly. The erosion of steel 

balls and vial and resulting iron contamination is a common problem in the MA process 

[77,80,111]. The contamination phenomenon is difficult to control during mechanical alloying 

of target equiatomic composition in SPEX. Both powders consist of two bcc phases with 
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lattice parameters similar to those found in the quinary alloy without reduced iron content in 

the starting composition (Table A1). It should be noted that all parameters except for the 

electronegativity difference are in good range to form HEA. These results show that SPEX 

mill produces homogeneous powders (initially equiatomic and with reduced iron) at the SEM 

scale but massively contaminated by iron coming from balls and vials. Hence, the milling in 

other devices should be considered to find optimal conditions for the preparation of 

equiatomic powder. 

The XRD analysis of the P-EQ-S32h, P-EQ-RFe-S32h, and P-EQ-NFe-S32h reveals 

two bcc phases, while the Mössbauer spectrometry (performed at 20 °C) shows iron 

environments centered between -2 et 2 mm/s (Figure 4-3). It unveils that there is only a small 

amount of magnetic iron environment. The spectra are relatively similar for the three 

powders; however, an evolution is revealed on the left side of spectra with decreasing iron 

content. The hyperfine parameters of the iron environments obtained after the deconvolution 

of spectra using the Lorentzian function with iron as a reference, to quantitatively and 

qualitatively analyze results, are shown in Table A2. These iron environments were numbered 

from site 1 to site 12. Depending on the sample, the amount of the magnetic environment is 

between 14.5±4.50 % and 5.52±2.25 %. This magnetic contribution does not come from two 

bcc phases; it is the effect of not fully completed alloying or the iron contamination from the 

milling media. The presence of iron environments in the sample without iron in the initial 

composition (P-EQ-NFe-S32h) confirms the contamination from balls and vial material found 

by EDX measurements. The bcc phases are characterized by iron environments of doublet and 

singlet types. Each environment of non-magnetic iron is described by the Mössbauer 

parameters such as Isomer Shift (IS), Quadrupole Splitting (QS), peak Width (W), and the 

relative Amount of each iron environment (A). The values of IS and QS vary slightly 

depending on the chemical composition of the bcc phases and their ratio. It is impossible to 

associate each doublet and singlet to the bcc#1 or bcc#2 phase because no single-phase 

mechanically alloyed powder was produced in this study. Taking into account only the non-

magnetic iron environments, it could be noted that the amount of site 5 increases, while the 

amount of sites 6, 9, and 12 decreases with decreasing initial iron content. The evolution of 

sites 7 and 8 is less evident. 
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Figure 4-3. Mössbauer spectra of the P-EQ-S32h (a, d), P-EQ-RFe-S32h (b, e), and P-EQ-NFe-S32h 

(c, f) powders alloyed in SPEX for 32 h. 

   4.1.1.2. RETSCH 

The starting equiatomic composition was also prepared by using a planetary mill - 

RETSCH PM-100. The initial conditions, chosen during the Master thesis internship of Surya 

Nilamegam Kumaran [110], consisted in a milling for 70 h at 300 rpm (P-EQ-R70h). The 

powder processed at these conditions is not chemically homogeneous (Fig. A5a) - manganese, 

molybdenum, and chromium-rich areas were observed; however, only low contamination by 

iron from balls and vial materials was detected (Table A3). The idea was to optimize 

mechanical alloying for the purpose of obtaining a homogeneous and non-contaminated 

powder. The milling in a planetary mill for 70 h, followed by a short homogenization in 

SPEX (e.g., 1, 2, or 4 h), was chosen as an optimization attempt. The results (Fig. A5) show 

that a milling for 70 h in RETSCH mill followed by a homogenization in SPEX for 4 h 

(optimized conditions, P-EQ-R70hS4h) produce a homogeneous powder at the SEM scale. 

The intensity of bcc#1 XRD peaks (a = 3.14 Å) is surprisingly dominant over those of bcc#2 

(a = 2.87 Å), which presents a decrease of lattice parameter as a function of the increasing 

homogenization time in SPEX (Fig. A4, Table A3). Nevertheless, small peaks corresponding 

to non-alloyed manganese are still present, which is surprising considering the low manganese 

melting temperature and therefore, an expected fast alloying rate. However, a slower alloying 

rate of manganese than elements with higher melting temperatures was also found by Joo et 

al. [73]. The SEM-SE observation of non-polished powders reveal a significant difference in 

surface, shape, and size of particles compared to powders milled in SPEX. The particles 

milled in RETSCH for 70 h (P-EQ-R70h, Fig. A1b) are more spherical, smaller, less 

agglomerated, and their surface is flat compared to powder mechanically alloyed in SPEX for 

32 h (P-EQ-S32h, Fig. A1a). The results for powder milled in optimized conditions (P-EQ-

R70hS4h, Fig. A1c) are between millings only in SPEX or RETSCH. It confirms that shocks 

(a) 

(b) 

(d) 

(e) 

(c) (f) 
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in RETSCH are less energetic than in SPEX. TEM observations were carried out to evaluate 

grain size and chemical homogeneity of particles after milling in optimized conditions. In 

Figure 4-4, nanometric grains (about 20 nm) and compositional uniformity are revealed at the 

scale of the analysis. Due to problems with the powder preparation for TEM observations, the 

electron diffraction was not performed to confirm the phase structure. The exact chemical 

composition of constituent phases was not measured due to the limited resolution of EDX 

analysis. The coupling of milling in RETSCH (70 h) and SPEX (4 h) enables the production 

of a relatively homogeneous and slightly contaminated (by iron) equiatomic powder.  

 
Figure 4-4. TEM bright-field image and corresponding STEM-EDX mapping of powder particles of P-

EQ-R70hS4h sample.  

The Mössbauer spectra of the alloys with the equiatomic content of elements 

introduced to the vial before milling in the planetary mill RETSCH are centered between -2 

and 2 mm/s (Figure 4-5), it is similar to the powder mechanically alloyed in SPEX 

(Subsection 4.1.1.1). The magnetic contribution varies between 16.23±1.81 % for milling in 

RETSCH for 70 h and 9.40±0.41 % for milling in RETSCH for 70 h, followed by SPEX for 

4 h (Table A4). It can be the effect of the homogenization in the vibration mill (SPEX), which 

is in good agreement with the results obtained by SEM-EDX. Comparing spectra c and d in 

Fig. 4-5, it could be found that the center of the spectrum gets closer due to the milling in 

SPEX. Non-magnetic environments (sites 5-9) are still noticed. The additional milling in 

SPEX for 4 h is associated with a decrease of the relative intensity of phases in the non-

magnetic sites 5 and 6 (3 to 5 %) and an increase of sites 7, 8, and 9 (1 to 2 %).  
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Figure 4-5. Mössbauer spectra of powders: P-EQ-R70h (a, c) and P-EQ-R70hS4h (b, d). 

4.1.1.3. CryoMill at room temperature 

The powder with equiatomic ratio of elements before milling was also mechanically 

alloyed in a CryoMill device at room temperature. Initially, the effects of operating frequency 

(15, 20, and 25 Hz) and time (32 and 64 h) were investigated. Microstructure analysis results 

(Appendix A, Fig. A6 and A7, Table A5) reveal that powder homogeneity increases with 

increasing milling frequency. The XRD of powder milled for 32 h at 15 Hz (P-EQ-C32h-

15Hz) presents peaks of pure elements instead of bcc phases (Fig. A6). The patterns for the 

highest frequency show the formation of two bcc phases. On the other hand, it is shown that 

even after milling for 64 h at 25 Hz (P-EQ-C64h), the powder is not completely homogeneous 

at the SEM scale; however, the powder is not contaminated by iron. The observation of non-

polished powder reveals a spherical shape and smooth surface of particles (Fig. A1d), which 

confirms that shocks in CryoMill are less energetic than in SPEX. Hence, a similar strategy of 

optimization of powder homogeneity, as for planetary device, was tested. The milling time in 

CryoMill was set to 32 h at 25 Hz, followed by homogenization in SPEX for 1, 2, 4, 8 h. The 

powder milled in CryoMill for 32 h at 25 Hz (P-EQ-C32h) seems to be less homogeneous 

than the powder milled in RETSCH for 70 h (P-EQ-R70h); therefore, only homogenization 

for 8 h in SPEX (P-EQ-C32hS8h) produces a rather homogeneous powder. However, the 

milling in SPEX for 8 h introduces significant contamination by iron (Fig. A8 and A9, Table 

A6). Hence, the composition with reduced iron content (22.2% Al, 22.2% Cr, 11.2% Fe, 

22.2% Mn, 22.2% Mo) was studied (P-EQ-RFe-C32hS8h). The mechanical alloying in 

CryoMill for 32 h followed by milling in SPEX for 8 h produces a rather homogeneous 

powder with the almost equiatomic composition. It should also be noted that other 

optimization cycles, for starting equiatomic composition, were tested, e.g., 8 h CryoMill + 8 h 

SPEX + 8 h CryoMill + 8 h SPEX (and also 8 h SPEX + 8 h CryoMill + 8 h SPEX + 8 h 

CryoMill). The homogeneity increases compared to mechanical alloying in CryoMill for 32 h, 

but the contamination is found to be very high, i.e., 16% Al, 19% Cr, 31% Fe, 17% Mn, 
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(b) 

(c) 
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17% Mo, but the parameters (except the electronegativity difference) are in good range to 

form HEA. To my best knowledge, no paper dealing with the mechanical alloying of HEA 

powder in the CryoMill device at room temperature has been published yet. It seems that ball 

shocks in that mill do not produce enough energy to homogenize powder fully; for this 

reason, the milling should be conducted rather at cryogenic temperature in this device.  

Powders milled in CryoMill are not completely homogeneous because they are 

composed of magnetic particles, whose Mössbauer peaks positions are shown by arrows in 

Figure 4-6, and non-magnetic particles peaks which shows doublets and a single peak 

centered between -2 and 2 mm/s. The content of magnetic phase is 30.54 % after milling in 

CryoMill (P-EQ-C32h), while the content of magnetic phase decreases to 25.00 % after 

additional milling in SPEX for 8 h (P-EQ-C32hS8h) (Table A7). The more violent milling in 

SPEX changes the general appearance of the spectra because of the contamination from the 

milling media by iron and the homogenization of the alloyed powder. However, both alloys 

(P-EQ-C32hS8h and P-EQ-RFe-C32hS8h), regardless of the amount of iron introduced to the 

vial, present the similar spectrum appearance after milling in the CryoMill for 32 h, followed 

by milling in SPEX for 8 h. The analysis of Mössbauer parameters of iron environments 

shows that additional milling in the SPEX for 8 h has an effect on the sites 9 and 12 (their 

amount goes from 17.5 to 25.6 %) in alloy with 20 % of iron initially introduced. The amount 

of the sites 9+12 increases from 16.5 to 25.6 % when the initial iron content introduced to the 

vial increases form 11.2 and 20 %. Hence, these sites (9 and 12) could be associated with the 

iron atoms with more iron neighbors.  

   
Figure 4-6. Mössbauer spectra of powders: P-EQ-C32h (a, d), P-EQ-C32hS8h (b, e), and P-EQ-RFe- 

C32hS8h (c, f). 

4.1.2. Optimized powder  

As the next step of the study, the composition (22.5% Al, 22.5% Cr, 28% Fe, 

20% Mn, 7% Mo) optimized thanks to the parametric approach calculation (lower 
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(b) 

(c) (f) 
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electronegativity difference), was also prepared by mechanical alloying in SPEX and 

CryoMill devices. 

4.1.2.1. SPEX 

Based on the results obtained for the alloy with the equiatomic content of elements 

introduced in the vial, a milling in SPEX for 32 h of the optimized composition was initially 

performed (P-O-S32h). The milled powder is homogeneous at the SEM scale (Fig. 4-7b), 

which is similar to the P-EQ-S32h sample. The SEM-SE observations of the non-polished 

powder reveal agglomerated particles with a rugged surface, which confirms the high energy 

of shocks in SPEX (Fig. A1e). However, the powder is surprisingly only slightly 

contaminated by iron. The final average composition, measured by SEM-EDX, is 22% Al, 

22% Cr, 30% Fe, 19% Mn, 7% Mo, which is close to the composition of the powder before 

the milling, and the parameters present good values to form HEA. The much lower 

contamination by iron is attributed to the significantly lower molybdenum content (7 at. % 

compared to 20 at. %). Molybdenum particles cause heavy wear of steel balls and vial, due to 

larger particle size and high hardness. The milled powder consists of two bcc phases: minor 

bcc#1 (a = 3.13 Å) and major bcc#2 (a = 2.93 Å) (Fig. 4-7a). The lattice parameters are 

similar to those found for the equiatomic composition.  

 

Figure 4-7. Analysis of the P-O-S32h powder after milling: a) XRD pattern, b) SEM-EDX mapping. 

TEM images and EDX analyses at high magnification of a MA powder sample 

prepared by FIB were performed to study the chemical composition of the present phases. It is 

revealed that powder consists of two regions that differ in terms of chemical composition 

(Fig. 4-8). The matrix, which is associated with the bcc#2 phase, contains all chemical 

elements. The phase significantly enriched in molybdenum is attributed to bcc#1 due to the 

close lattice parameter between bcc#1 phase and pure molybdenum. Moreover, some small 
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regions enriched in chromium were also found. The exact concentrations of elements are not 

indicated, because of limited EDX resolution and the too large sample thickness.  

 
Figure 4-8. STEM high magnification HAADF image and corresponding EDX mapping of the powder 

mechanically alloyed – P-O-S32h.   

 In opposition to the equiatomic composition, the milling of the optimized powder in 

SPEX for 32 h seems to be an optimal condition because the milled powder presents a two 

bcc phase structure with good chemical homogeneity at the SEM scale and a limited 

contamination by iron. 

   4.1.2.2. CryoMill 

The milling of the optimized powder in CryoMill was also performed for 32 h at 

25 Hz (P-O-C32h). The powder, similarly, to the equiatomic one (P-EQ-C32h), is 

contamination-free but not homogeneous. Hence, a homogenization for 8 h in SPEX was also 

conducted (P-O-C32hS8h). Both powders consist of two bcc phases with lattice parameters 

similar to powders alloyed in other conditions. The homogeneity of particles increases, but it 

seems less homogeneous than for the milling in SPEX for 32 h (Fig. A10 and A11, Table A8). 

Small contamination by iron was detected. The SEM-SE observations of non-polished 

powders reveal spherical particles with a flat surface, which proves that shocks in CryoMill 

are much less energetic than in SPEX (Fig. A1f). The milling in CryoMill for this 
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composition was abandoned because the mechanical alloying in SPEX for 32 h provides 

much more promising results in terms of homogeneity and limited contamination.  

According to the Mössbauer spectrometry results, the magnetic contribution (showed 

by the arrows in Figure 4-9) is higher for the optimized powder milled in the CryoMill 

(54.5 %) compared to the powder milled in the SPEX (12.9 %) for the same duration (32 h). 

Hence, for the powder milled in CryoMill, there is 54.5 % of magnetic phase and 45.5 % of 

non-magnetic phase (Table A9). This sample is not homogeneous because it contains 21.64 % 

of the iron environments only with iron atoms as the first and second neighbors (while the 

total iron content is only about 28 %). The preferred route to synthesized homogeneous 

optimized powder (22.5% Al, 22.5% Cr, 28% Fe, 20% Mn, 7% Mo) is milling in SPEX. The 

same iron sites characterize two powders milled in SPEX and CryoMill; only their amount 

varies in the function of the milling device and the real iron content. The spectrum of the P-O-

S32h is very promising since it is relatively symmetrical and shows only 12.9 % of magnetic 

phase. Hence, the powder milled in SPEX is homogeneous because the local order around the 

iron atoms is similar to the whole alloy. These results are in good agreement with the SEM 

results (Fig. 4-7b), which shows homogeneous particles. The XRD results (Fig. 4-7a and Fig. 

A10) reveal two bcc phases. At this stage of the study, it is impossible to find which sites 

from 5 to 9 and 12 come from the bcc#1 or the bcc#2.  

 
Figure 4-9. Mössbauer spectra of the optimized composition mechanically alloyed in SPEX for 32 h: 

a) P-O-S32h and b) P-O-C32h. 

(b) 

(a) 
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4.1.3. Experimentally optimized powder  

Finally, the mechanical alloying of the experimentally optimized powder (19% Al, 

22% Cr, 34% Fe, 19% Mn, 6% Mo) was performed (P-OE-S32h). The MA was carried out in 

SPEX for 32 h, based on previous results of the optimized composition (22.5% Al, 22.5% Cr, 

28% Fe, 20% Mn, 7% Mo). The powder is homogeneous at the SEM scale (Fig. 4-10b) and 

only slight contamination by iron is detected. The final composition is 18% Al, 21% Cr, 

37% Fe, 18% Mn, 6% Mo, close to the starting composition. The parameters are in good 

range to form HEA, except the mixing entropy, which is slightly too low. The alloy consists 

of two bcc phases (Fig. 4-10a): minor bcc#1 (a = 3.13 Å) and major bcc#2 (a = 2.91 Å). The 

similar values of lattice parameters are found there for the other analyzed compositions. The 

MA in other conditions was not performed because milling in SPEX for 32 h produced a 

rather promising powder in terms of homogeneity, formed phases, and contamination.  

 
Figure 4-10. Analysis of the experimentally optimized powder after milling - P-OE-S32h. 

The Mössbauer spectra in the range of 8 mm/s of the P-O-S32h and P-OE-S32h 

powders alloyed in SPEX for 32 h (Fig. 4-11 a and b) show only a small amount of magnetic 

phase (9.4 to 12.9 %) while a majority of the spectra are localized between -2 and 2 mm/s 

(Fig. 4-11 c and d). The local order around iron atoms in both powders is comparable. 

Nevertheless, the spectra of the P-OE-S32h sample are more symmetrical (Fig 4-11 b and d), 

which is related to a higher amount of the bcc#2 compared to bcc#1 (it is in agreement with 

the XRD results shown in Fig. 4-10). Comparing the obtained parameters (Tables A9 and 

A10) with the powder annealed at 950 °C for 1 h (Subsection 5.2.1.), the site 12 could be 

associated with the presence of the χ phase clusters (cluster or local nuclei of χ phase before 

the appearance of this phase detectable by XRD). 



  4. Mechanical alloying of HEA powder 

 68 

  
Figure 4-11. Mössbauer spectra of the powders after mechanical alloying: P-O-S32h (a, c) and P-OE-

S32h (b, d) 

4.2. The contamination phenomenon  

The contamination is an important disadvantage of the mechanical alloying process. 

The pollution, as it is mentioned in the literature review, comes from various ways. The most 

significant source seems to be the wear of balls and vial, which depends on the material of 

which they are made. In this study, only hardened steel milling media were tested. It was 

shown that the contamination also depends on the milling device. The ball-vial-powder 

shocks in RETSCH and CryoMill are less energetic than in SPEX. The particles milled in 

SPEX are less spherical, and their surface is more rugged than after mechanical alloying in 

the two other devices. Less energetic shocks also result in a lower chemical homogeneity of 

powders for a given milling time. However, milling in RETSCH or CryoMill introduces only 

a very limited (or even no) iron contamination, while after mechanical alloying in SPEX, the 

contamination seems to be inevitable. In the literature, the iron contamination of HEA powder 

from balls and vial material in SPEX was also reported by Derimow et al. [111]. The 

introduction of iron into HEA powder from milling media was also detected in planetary mills 

[77,80]. The contamination problems of HEA powder prepared in CryoMill at room 

temperature are not known due to a lack of articles dealing with the mechanical alloying in 

this type of mill. Moreover, in this study, it was shown that the initial composition of HEA 

powder could present a significant impact on the contamination during milling. The powder 

with the equiatomic content of elements introduced to the vial before MA is much more 

contaminated by iron after milling in SPEX than the optimized alloys 22.5% Al, 22.5% Cr, 

28% Fe, 20% Mn, 7% Mo and 19% Al, 22% Cr, 34% Fe, 19% Mn, 6% Mo. It is probably 

related to the difference in molybdenum content. The molybdenum particles are much bigger 

than the other particles. Moreover, pure molybdenum presents very high hardness [112]. It is 

believed that hard elements with large particles cause significant erosion of balls and vials. It 

(a) 
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should be noted that other components, such as carbon [79,81,84,85] and alloying elements 

form steel, could be introduced in small fractions, which are much more difficult to detect by 

typical characterization methods, especially in MA powders. 

Besides balls and vials materials, another significant source of contamination is the 

process control agent. The millings in SPEX and CryoMill were carried out without a PCA. 

However, the addition of a process control agent, e.g., stearic acid (C18H36O2), for mechanical 

alloying in the planetary device (RETSCH) is necessary. Stearic acid could be a source of 

carbon or oxygen [113]. In the literature, it could be found that the effect of contamination 

from a PCA is often not visible after mechanical alloying due to the small fraction of carbides 

or their amorphous structure. The carbides usually form after annealing or sintering of MA 

powders [74,76,79,81,82,85,113]; therefore, the heat-treated powders should be studied 

carefully. However, Vaidya et al. [86] showed by Atom Probe Tomography analysis that the 

formation of carbides could occur during milling due to carbon coming from the PCA. The 

other contamination source could be the atmosphere during mechanical alloying. The millings 

were performed under argon atmosphere; however, leaks during long time milling seem to be 

impossible to prevent. The accidental introduction of oxygen during mechanical alloying was 

found in many papers [78,83,85]. It often results in the formation of oxides after annealing. 

The contamination during the weighing of raw powders (e.g., dust) and then during the 

preparation of samples for investigation is not negligible [70]. Finally, despite the high purity 

of used powders, the powders are not completely pure; thus, some minor contaminations, 

difficult to detect, can also be introduced. 

The contamination during MA is a very complex problem and seems to be inevitable. 

However, a careful investigation of the produced powder and then the right choice of 

optimized conditions enabled, in this study, to synthesize a powder with limited 

contamination at least by iron. Moreover, many effects of accidentally introduced elements 

during milling, such as carbides or oxides, are visible only after annealing; therefore, the 

annealed powders should be studied carefully. The contamination by carbon and oxygen 

could also present some beneficial effects on the properties of bulk materials. Precipitates 

(carbides and oxides) can pin the grain boundaries and thus prevent grain growth during 

annealing. This effect, coupled with high hardness of carbides and oxide, could improve 

significantly the mechanical properties. 
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4.3. Discussion and summary 

In this thesis, the mechanical alloying of three compositions from the Al-Cr-Fe-Mn-

Mo HEA family was studied. The main target of this stage of the study was to prepare 

chemically homogeneous powders with disordered bcc phases. A special attention was given 

to limit contamination, especially iron, coming from the wear of balls and vial material. It was 

found that the homogeneity and contamination depend on the milling device and also on the 

chosen chemical composition.  

The milling in SPEX produces homogenous powder at the SEM scale; however, a 

significant contamination by iron was detected, especially for the powder with equiatomic 

content of elements introduced to the vial before mechanical alloying. The smaller iron 

pollution for both optimized powders is attributed to a lower molybdenum content, which is, 

due to high hardness and large particle size, responsible for the significant wear of balls and 

vial material. The milling in CryoMill and RETSCH do not produce homogeneous powders, 

even after prolonged mechanical alloying for 64 or 70 h. However, the contamination by iron 

is still very limited regardless to the studied composition. It can be concluded that shocks in 

SPEX have much higher energy. Therefore, it results in easiness to obtain a homogeneous 

powder but also facilitates the wear of balls and vial material. This was also confirmed by 

observation of non-polished powders. The surface of particle milled in SPEX is more rugged 

than in RETSCH or CryoMill, which proves a more severe character of shocks in SPEX.  

All sufficiently long millings produce two disordered bcc phases in the three 

compositions. The AlMo3 intermetallic compound, predicted in the equiatomic composition 

by CALPHAD by Senkov et al. [22], and σ phase or intermetallic compound type Cr3Si 

(A15), predicted by our CALPHAD studies, were not found in any studied powders. The 

lattice parameter of the bcc#1 phase is between 3.12 and 3.14 Å, which is close to the pure 

molybdenum. Similar peaks in a molybdenum containing HEA powder, attributed to non-

alloyed pure molybdenum, were found by other authors [114]. However, in the present study, 

it is believed that these peaks could be attributed to the multi-element bcc#1 phase, enriched 

in molybdenum. Avila-Rubio et al. [91] found a bcc phase with a similar lattice parameter (a 

= 3.14 Å) enriched in molybdenum after mechanical alloying in SPEX of powder from the 

AlCoFeNiMoTi and AlCoFeNiMo systems. The TEM-EDX analysis cannot unambiguously 

prove the presence of pure molybdenum or bcc#1. Moreover, the width of peaks is quite large 
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(even in CryoMill) with slightly different lattice parameters depending on the composition or 

milling conditions, which could be an argument in favor of the existence of the bcc#1 phase 

instead of non-milled pure molybdenum. The alloying rate in mechanical alloying depends 

predominantly on the melting temperature of elements, i.e., the components with lower 

melting temperature form alloy usually more quickly [90]. For the Al-Cr-Fe-Mn-Mo HEA 

system, the theoretical alloying order is as following Al ➔ Mn ➔ Fe ➔ Cr ➔ Mo. It could 

contribute to the formation of the bcc#1 (rich in molybdenum) due to the slow dissolution of 

molybdenum in the bcc#2 phase. However, the alloying rate could not explain the presence of 

manganese peaks after processing of equiatomic composition in the planetary mill for 70 h. 

The slower alloying rate of manganese than other elements with higher melting temperatures 

was also observed by Joo et al. [73]. The lattice parameter of the bcc#2 phase is in the range 

from 2.87 to 2.96 Å. This lattice parameter is close to those of pure iron and chromium. A 

similar lattice parameter (a = 2.88 Å) of the bcc phase was found in other HEA – AlCoCrFeNi 

[36]. The intensity of XRD peaks of both bcc structures depends on milling and chemical 

composition. For the equiatomic alloy, the amount of the bcc#1 phase is usually higher than 

the bcc#2 phase; however, milling in SPEX (especially for 32 h) causes a significant increase 

of the bcc#2. It is believed that the rise of homogeneity causes an increase of bcc#2 volume 

fraction and a decrease of the bcc#1. For optimized powders, 22.5% Al, 22.5% Cr, 28% Fe, 

20% Mn, 7% Mo and 19% Al, 22% Cr, 34% Fe, 19% Mn, 6% Mo, the amount of bcc#1 

phase is much lower than that of bcc#2, which proves that the bcc#1 phase (and therefore its 

volume fraction) is related to molybdenum content. TEM at high magnification coupled with 

EDX mapping of P-O-S32h confirms the presence of two predominant bcc phases – bcc#2 

with all introduced elements and bcc#1 significantly enriched in molybdenum. These results 

are in perfect agreement with XRD results.  

The optimized milling conditions, based on these results, were decided for each of the 

chosen compositions. The powders selected for the thermal stability analyses and the 

verification of the potential formation of carbides or oxides after annealing due to the 

contamination during MA stage are listed in Table 4-3. It should be noted that, despite 

significant electronegativity difference, the equiatomic composition was also chosen for 

further studies because it is the flagship composition of the Al-Cr-Fe-Mn-Mo HEA family. 

Nevertheless, the optimized alloys present more promising results, i.e., lower 

electronegativity and significant predominance of the bcc#2 over the bcc#1 phase. Hence, it is 

more likely that these compositions form single bcc after annealing or sintering. 
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Table 4-3. Mechanically alloyed powders chosen for further investigations with their chemical 

compositions (at. %). 

Powder Initial composition Milling conditions Final composition 

P-EQ-R70hS4h 
20% Al, 20% Cr, 20% Fe, 

20% Mn, 20% Mo 

RETSCH 70 h + 

SPEX 4 h 

18% Al, 20% Cr, 24% 

Fe, 19% Mn, 19% Mo 

P-O-S32h 
22.5% Al, 22.5% Cr, 

28% Fe, 20% Mn, 7% Mo 
SPEX 32 h 

22% Al, 22% Cr, 30% 

Fe, 19% Mn, 7% Mo 

P-OE-S32h 
19% Al, 22% Cr, 34% Fe, 

19% Mn, 6% Mo 
SPEX 32 h 

18% Al, 21% Cr, 37% 

Fe, 18% Mn, 6% Mo 
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5. Thermal stability of HEA powder 

In this chapter, the thermal stability of the selected alloyed powders is discussed. The 

mechanically alloyed powders present a metastable structure, hence the interest to study their 

thermal stability. The results of differential scanning calorimetry are analyzed to choose the 

temperature of annealing to study the phase transformations. The annealed powders were 

investigated carefully to determine appropriate sintering temperatures. 

5.1. Differential scanning calorimetry 

 The Differential Scanning Calorimetry (DSC) was performed to study the phase 

transformations in mechanically alloyed powders under argon atmosphere. The DSC of the 

optimized powder (P-O-S32h) reveals several phase transitions (Fig. 5-1). A first endothermic 

peak appears at T1 (around 50 °C) only during the first cycle of heating. It is related to the 

evaporation of substances adsorbed during mechanical alloying. Subsequently, the slow 

exothermic region between T1 (50 °C) and T2 (400 °C) could be associated with three 

phenomena, such as the reorganization of the dislocations, the increase of the crystallite size, 

and the relaxation of the internal stresses resulting from the mechanical alloying process. A 

similar tendency was observed on the DSC curves in the literature [76,82,115]. The small 

bump, just below T2, can be considered as an artifact since a similar bump was found on the 

baseline scan. The endothermic region between T2 and T3 (724 °C) is attributed to the 

diffusion of elements. The exothermic peak at T3 that occurs only during the first heating 

seems to be related to a phase transformation. This phase transformation has to be 

investigated by annealing of the powder, which will be discussed later (Subsection 5.2.1.). 

The endothermic phenomenon between T3 and T5 (987 °C) is assigned to the atomic 

diffusion, probably chromium and molybdenum. The exothermic peak at 879 °C (T4) could be 

related to the other phase formation. The endothermic peaks at T6 (1286 °C) and T7 

(1445 °C), which are present during the first and the second heating, are attributed to the 

melting of two phases and will be discussed later (Subsections 5.2.1. and 6.4.1.). During the 

second heating, the temperatures of T6 and T7 are slightly higher, which can be related to 

small changes in the chemical composition of the different phases due to partial evaporation 

of elements such as aluminum or manganese. 
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Figure 5-1. DSC curves (2 cycles of heating) of the P-O-S32h mechanically alloyed powder. 

The DSC of the P-EQ-R70hS4h mechanically alloyed powder was also performed 

(Fig. 5-2). The analyses reveal mostly similar phase transformations to those observed for the 

optimized powder (P-O-S32h) (Fig. 5-1). The phenomena up to T3 are the same as in Fig. 5-1. 

The temperature of T3 is slightly higher, 753 °C for the P-EQ-R70hS4h sample compared to 

724 °C for the optimized powder (P-O-S32h). It could be related to the difference in chemical 

composition, especially the higher content of molybdenum. The T4 temperature (895 °C) is 

close to the T4 temperature in the optimized alloy (879 °C). The T5 (994 °C) value is similar 

to that found for the P-O-S32h alloy, while T6 (1270 °C) is slightly lower. The peak at T7 is 

not visible in Fig. 5-2. It can be a result of the higher content of molybdenum, which has a 

very high melting temperature and therefore increases the melting point of the alloy 

significantly, above the DSC range of analysis. The DSC results of both powders reveal 

similar phase transformations. The annealing of three different HEA powder compositions 

was performed to clearly identify and characterize the phases formed at the temperatures 

found by DSC (see Subsection 5.2.). 
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Figure 5-2. DSC curves (2 cycles of heating) of the P-EQ-R70hS4h mechanically alloyed powder.

  

5.2. Annealing of mechanically alloyed powders  

The list of powders annealed in sealed quartz tubes under vacuum is shown in Table 

5-1. to present the results clearly (more details in Appendix - Names of samples).  

Table 5-1. List of the powder samples annealed under vacuum.  

Name of the annealed powder Name of the MA powder Annealing conditions 

A-O-S32h-500 

P-O-S32h 

500 °C for 1 h 

A-O-S32h-650 650 °C for 1 h 

A-O-S32h-800 800 °C for 1 h 

A-O-S32h-950 950 °C for 1 h 

A-EQ-R70hS4h-850 
P-EQ-R70hS4h 

850 °C for 1 h 

A-EQ-R70hS4h-950 950 °C for 1 h 

A-OE-S32h-950 P-OE-S32h 950 °C for 1 h 

5.2.1. Optimized powder  

XRD and SEM observations of annealed optimized composition (P-O-S32h, 

22.5% Al, 22.5% Cr, 28% Fe, 20% Mn, 7% Mo) powder were carried out to determine the 
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crystallographic structure of the phases formed (Figs. 5-3 and 5-4, and Table 5-2). The 

annealing at 500 °C/1h (A-O-S32h-500) was chosen to verify the phase composition slightly 

above the temperature (T2) and below the temperature (T3) obtained from the DSC curves 

(Fig. 5-1). The duration of 1 h seems to be sufficient for the incubation to transform phases. 

The alloy presents the same phase structure (two bcc) as after MA; therefore, the powder is 

stable up to this temperature of heat treatment. However, small changes in lattice parameters 

of both bcc phases were detected (Table 5-2), they could be related to slightly different 

chemical compositions of phases. The SEM-BSE images (Fig. 5-4a) reveal similar 

microstructure as MA powder. It is consistent with DSC results (Fig. 5-1), which show no 

phase transformation in this temperature range.  

The annealing at 650 °C/1h (A-O-S32h-650) was performed to evaluate the possibility 

of the occurrence of the phase transformation, found by DSC at temperature T3 (724 °C), at a 

lower temperature due to a longer time. The XRD results after annealing at 650 °C/1h reveal 

the disappearance of bcc#1, the decrease of the intensity of bcc#2 peaks, and the formation of 

the χ phase (Fig. 5-3). The χ phase (space group: I- 43m (217), sometimes classified as a type 

M18C carbide) is an intermetallic phase, which rarely forms in HEA [116] but more 

commonly in molybdenum-containing steels [117–120]. Thus, the exothermic peak at T3 

(724 °C) in the DSC curve (Fig. 5-1), is attributed to the formation of the χ phase. The peak at 

T3 appears only during the first heating; therefore, it is believed that phases which are more 

stable than the χ phase will form at a higher temperature. The transformation temperature 

found by DSC is much higher compared to the annealing results. It could be due to the 

incubation time needed to form the χ phase. The heat treatment of the sample at 650 °C/1h 

enables the transformation, which occurs at a higher temperature in DSC at the heating rate of 

10 °C/min. The SEM-BSE images (Fig. 5-4b) do not reveal significant changes in the 

microstructure in comparison to the powder annealed at 500 °C. It could be due to the small 

grain size and the close chemical composition between bcc#2 and χ phases.  

The annealing at 800 °C (A-O-S32h-800) was performed to analyze the structure 

above the phase transformation at T3. The XRD pattern after annealing at 800 °C/1h (Fig. 5-3) 

reveals the presence of the χ phase, an increase of the peak intensity of bcc#2, and the 

formation of a small fraction of type M6C carbides (space group: Fd-3m (227)). In the 

literature, it could be found that a close link between the M6C carbide and the χ phase exists; 

therefore, they can substitute each other depending on the conducted heat treatment or they 

can exist in equilibrium [120]. The M6C carbides are reported to form in some mechanically 
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alloyed HEAs [87,114]. The carbon, needed to form carbides, was probably introduced during 

mechanical alloying from balls and vial material. The SEM-BSE observations (Fig. 5-3c) 

reveal three different chemical contrasts. The SEM-EDX analyses (Fig. B1) show that major 

light grey regions have a composition close to the initial one, with a slight increase in 

molybdenum and a decrease in aluminum. These regions are attributed to the χ phase. The 

dark grey areas, enriched in iron, are associated with bcc#2. The EDX line scans confirmed a 

small difference in chemical composition between bcc#2 and χ phases. This could be a reason 

for the impossibility to distinguish these phases after heat treatment at 650 °C for 1 h. The 

small white precipitates, significantly enriched in molybdenum, are M6C carbides. The results 

are in agreement with DSC results. The exothermic peak T4 at 879 °C could be associated 

with the formation of M6C carbides which, due to higher incubation time, occurs at a lower 

temperature than found by DSC. The endothermic phenomenon above T4 could be assigned to 

the diffusion of elements to increase the volume fraction of molybdenum rich M6C carbides.  

 The XRD results for the powder annealed at 950 °C for 1 h (A-O-S32h-950) show the 

disappearance of the χ phase and the increase of the peak intensity of the M6C carbide (Fig. 5-

3). Moreover, the bcc#2 phase, whose lattice parameter is similar to annealings at lower 

temperatures (Table 5-2), becomes definitely the dominant phase. Peaks corresponding to the 

type M23C6 carbide (space group Fm-3m (225)) are detected. The M23C6 carbide, commonly 

rich in chromium, forms in many mechanically alloyed HEA [79,81,82,84,85,113]. Some 

very smalls peaks of Al2O3 are also noticed. It is the effect of the oxidation due to residual 

oxygen in quartz ampoule. The SEM-BSE image (Fig. 5-4d) shows three different chemical 

contrasts. Based on the EDX mapping (Fig. B2), the major dark grey regions are attributed to 

the bcc#2 phase. The small light grey precipitates are assigned to M23C6 chromium-rich 

carbides. The white spots are associated with M6C molybdenum-rich carbides. The Al2O3 

particles, due to small grain size and low volume fraction, were not detected by SEM. The 

results are in agreement with DSC (Fig. 5-1). The M6C carbides form at T4. The endothermic 

process up to T5 (987 °C), is attributed to the diffusion of elements, i.e., to increase the 

volume fraction of carbides (M6C and then M23C6), and meanwhile to increase the volume 

fraction of bcc#2 phase. The peak related to the formation of the M23C6 carbide was not 

detected, probably due to the small fraction of this carbide initially formed or to the 

superposition of endothermic phenomenon with the small exothermic peak of the M23C6 

formation. Moreover, it seems that the peak at T6 (1286 °C) could be the melting point of 

M23C6 carbides. An almost similar melting temperature (1310 °C) was found by Yurkova et 
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al. [82]. The peak at T7 (1445 °C) represents the melting of the bcc#2 phase. The powder, 

recuperated after DSC experiments, seems to be completely melted, which confirms the 

fusion of the alloy during the rise of temperature up to 1480 °C. The powder annealed at 

950 °C for 1 h (A-O-S32h-950) presents a very promising microstructure with the major 

bcc#2 phase and only a small fraction of carbides and oxide.  

 
Figure 5-3. XRD patterns of the P-O-S32h powder annealed at different temperatures for 1 h: 20 °C 

(P-O-S32h), 500 °C (A-O-S32h-500), 650 °C (A-O-S32h-650), 800 °C (A-O-S32h-800), 950 °C (A-

O-S32h-950). 

Table 5-2. Lattice parameter values of phases of the annealed P-O-S32h powder. 

Sample 
Lattice parameter [Å] 

bcc#1 bcc#2 χ phase M6C M23C6 

P-O-S32h 3.13 2.93 --- --- --- 

A-O-S32h-500 3.11 2.90 --- --- --- 

A-O-S32h-650 --- 2.91 8.98 --- --- 

A-O-S32h-800 --- 2.91 8.97 11.14 --- 

A-O-S32h-950 --- 2.91 --- 11.15 10.68 
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Figure 5-4. SEM-BSE images of the P-O-S32h powder after annealing: a) A-O-S32h-500, b) A-O-

S32h-650, c) A-O-S32h-800, and d) A-O-S32h-950.  

The comparison of the XRD (Fig. 5-3) and the Mössbauer results (Fig. 5-5) of the 

annealed powders allows to attribute the 7, 8, 9, and 12 sites to the bcc#2 phase, while the 5 

and 6 sites are associated to the bcc#1 phase. The χ phase is characterized by two iron sites of 

QS = 0.95 mm/s and 0.70 mm/s. Therefore, according to the Mössbauer results, the non-

annealed mechanically alloyed P-O-S32h powder sample presents mainly a two-phase 

structure with 34.43 % of bcc#1, 62.42 % of bcc#2 and 3.14 % of magnetic residue (Table 

B1). The spectrum related to the non-magnetic iron environments is broad and not perfectly 

symmetrical. The annealing at 500 °C for 1 h (A-O-S32h-500) results in a decrease in the 

amount of magnetic residue and bcc#1, while the amount of bcc#2 increases (80.59 %). After 

annealing at 950 °C for 1 h, there is no more bcc#1 phase. The spectrum is symmetrical and 

centered at 0 mm/s. The volume fraction of χ phase is 4.82 %, the bcc#2 phase fraction is 

between 70.84 and 95.18 %, and the carbide ratio is between 0 and 24.34 % (the sum of the 

bcc#2 and carbides is 95.18 %). 
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Figure 5-5. Mössbauer spectra of the P-O-S32h mechanically alloyed powder and annealed at 

500 °C/1h (A-O-S32h-500) and 950 °C/1h (A-O-S32h-950).  

5.2.2. Equiatomic powder  

The annealing of the P-EQ-R70hS4h powder at 850 °C (A-EQ-R70hS4h-850) and 

950 °C was also performed. The XRD after heat treatment at 850 °C/1h reveals the formation 

of the χ phase and M6C carbide (Fig. 5-6b). The bcc#1 phase, which is present after MA (Fig. 

5-6a), disappears completely, similarly as for the annealing of the optimized alloy (Fig. 5-3). 

The peaks of non-milled pure manganese also disappear, which shows the dissolution of 

manganese in the χ or bcc#2 phase. The peaks of the bcc#2 phase present a very low intensity 

(lower than for the optimized alloy; A-O-S32h-800). After annealing at 850 °C, the bcc#2 

lattice parameter increases slightly to 2.91 Å (Table 5-3), which is similar to the value found 

in the annealed optimized powder (Table 5-2). The SEM-BSE image (Fig. 5-6e) reveals a 

white-grey compositional contrast. It seems that all three present phases (bcc#2, χ, and M6C) 

have small grain size (< 200 nm); therefore, the distinction between them using SEM images 

is very challenging. The EDX mapping and line scan (Fig. B3 in appendix) show regions 
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enriched and depleted in molybdenum. The high, medium and low content of molybdenum 

could be attributed to M6C, χ phase, and bcc#2 phase, respectively. The volume fraction of 

M6C seems to be much higher than for the optimized alloy (22.5% Al, 22.5% Cr, 28% Fe, 

20% Mn, 7% Mo). The annealing at 950 °C/1h (A-EQ-R70hS4h-950) reveals the presence of 

major bcc#2 phase, with similar lattice parameter (2.91 Å) as after annealing 850 °C (A-EQ-

R70hS4h-850) (Fig. 5-6c, Table 5-3). The χ phase disappears completely. The intensity of 

M6C peaks increases compared to 850 °C, and small peaks of M23C6 appear (Fig 5-6c). The 

SEM-BSE image reveals (Fig. 5-6f) three contrasts: dark grey (bcc#2), light grey (M23C6, 

enriched in chromium), white (M6C, enriched in molybdenum). The results present great 

similarity with the optimized powder after annealing; however, the volume fraction of 

carbides is higher. It could be related to the higher content of carbon due to the use of the 

stearic acid as of process control agent for the milling in planetary mill – RETSCH and high 

content of molybdenum in equiatomic powder. The lattice parameters of carbides (Table 5-3) 

are similar to those found in the optimized powder after heat treatment (Table 5-2). The 

results are in good agreement with DSC (Fig. 5-2). The peak at T3 (753 °C) is associated with 

the formation of the χ phase. The peak at T4 (895 °C) is related to the formation of M6C 

carbide. The endothermic process between T4 and T5 (994 °C) is related to the diffusion of 

elements to increase the volume fraction of the M6C, then M23C6 carbides and bcc#2 phase. 

The peak of the formation of the M23C6 carbide is not visible. It could be related to the small 

peak due to the initial small volume fraction of this carbide or to the superposition of the 

endothermic phenomenon with the small exothermic peak. The peak at T6 (1270 °C) is 

assigned to the melting of M23C6, which occurs at a slightly lower temperature than for the 

optimized powder. The fusion of the bcc#2 phase occurs probably above analysis range due to 

the higher content of molybdenum, which significantly increases the melting temperature.  

Table 5-3. Lattice parameter values of phases of the P-EQ-R70hS4h powder after annealing. 

Sample 
Lattice parameter [Å] 

bcc#1 bcc#2 Mn bbc χ phase M6C M23C6 

P-EQ-R70hS4h 3.14 2.87 8.92 --- --- --- 

A-EQ-R70hS4h-850 --- 2.91 --- 8.99 11.15 --- 

A-EQ-R70hS4h-950 --- 2.91 --- --- 11.15 10.66 
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Figure 5-6. Analysis of the P-EQ-R70hS4h after annealing: a) XRD pattern of the P-EQ-R70hS4h 

powder, b) XRD pattern of the A-EQ-R70hS4h-850 powder, c) XRD pattern of the A-EQ-R70hS4h-

950 powder, d) SEM-BSE image of the P-EQ-R70hS4h powder, e) SEM-BSE image of the A-EQ-

R70hS4h-850 powder, f) SEM-BSE image of the A-EQ-R70hS4h-950 powder.  

The Mössbauer results show that the P-EQ-R70hS4h powder after mechanical alloying 

is not entirely homogeneous; the volume fraction of magnetic iron-rich phase is about 10 %. 

The central part of the spectrum is broad and non-symmetrical (Fig. 5-7a, c). The annealing at 

850 °C for 1 h (A-EQ-R70hS4h-850) leads to the disappearance of the magnetic phase (Table 

B2 in appendix). The spectrum becomes more symmetrical and the bcc#1 phase disappears 

(Fig. 5-7b, d). 

  

Figure 5-7. Mössbauer spectra of the P-EQ-R70hS4h and A-EQ-R70hS4h-850 powders. 

(a) 

(b) 

(c) 

(d) 
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5.2.3. Experimentally optimized powder  

 The annealing of the experimentally optimized powder (P-OE-S32h, 19% Al, 22% Cr, 

34% Fe, 19% Mn, 6% Mo) was also carried out. The XRD results after annealing at 950 °C 

for 1 h (A-OE-S32h-950) show the disappearance of the bcc#1 phase (Fig. 5-8a, b). The 

major bcc#2 phase, the χ phase (also the quite high intensity of peaks), and small fractions of 

M6C and M23C6 are detected. The lattice parameter of the bcc#2 phase is comparable to its 

value before annealing (Table 5-4). The SEM-BSE image (Fig. 5-8d) reveals four chemical 

contrasts: dark grey (bcc#2), two different light grey (χ and M23C6), and white spots (M6C). 

The EDX mapping (Fig. B4) confirms the high-volume fraction of the χ phase enriched in 

molybdenum. The presence of the χ phase after heat treatment at 950 °C (A-OE-S32h-950) is 

very unexpected. It is quite unlikely that it is only related to the carbon content as carbon 

pollution is expected to be similar to that of the P-O-S32h powder. However, it cannot be 

excluded entirely since the contamination is a random process. The presence of the χ phase 

could also be related to the different chemical composition (e.g. higher iron content, lower 

aluminum content), which could sufficiently promote the shift of phase transformation 

temperature. 

 
Figure 5-8. Analysis of the experimentally optimized powder. XRD patterns of a) P-OE-S32h, b) A-

OE-S32h-950. SEM-BSE images of the c) P-OE-S32h, d) A-OE-S32h-950.  

Table 5-4. Lattice parameter values of phases in P-OE-S32h and A-OE-S32h-950 powders. 

Sample 
Lattice parameter [Å] 

bcc#1 bcc#2 χ phase M23C6 M6C 

P-OE-S32h 3.13 2.91 --- --- --- 

A-OE-S32h-950 --- 2.90 8.95 10.66 11.15 

According to Mössbauer spectrometry results (Fig. 5-9, Table B3), the non-annealed 

P-OE-S32h powder is more homogeneous (major bcc#2 phase and minor bcc#1) than after the 
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annealing at 950 °C for 1 h (A-OE-S32h-950) (bcc#2,  phase, carbides), which is very 

surprising compared with other analyzed compositions. The Mössbauer spectra are broader, 

less symmetrical, and the number of different iron sites increases after the annealing. It is in 

good agreement with the XRD results (Fig. 5-8), which shows the multiphase structure after 

the heat treatment.  

  
Figure 5-9. Mössbauer spectra of the experimentally optimized powder: P-OE-S32h (a, c) and A-OE- 

S32h-950 (b, d). 

5.3. Discussion and summary  

The annealing of mechanically alloyed powders is a necessary step before the 

sintering of powders. In this study, the complex phase transformations occurring in the 

powders were studied by performing heat treatments of three HEA compositions. The DSC 

analyses reveal several phase changes and their temperature.  

The powder with the optimized composition (P-O-S32h) presents several phase 

transformations during annealing. The melting temperature of the major bcc#2 phase was 

determined at 1445 °C by DSC analysis. The heat treatment at a lower temperature (e.g., 650 

or 800 °C for 1 h) leads to the disappearance of the bcc#1 phase and the formation of a high-

volume fraction of the intermetallic χ phase. Further annealing, at a higher temperature, leads 

to the gradual disappearance of the χ phase, the formation of the molybdenum-rich M6C (and 

also chromium-rich M23C6) and the increase of the amount of the bcc#2 phase. The 

transformation between the χ phase and M6C was also suggested in the literature [120,121]. 

Indeed, there is a close link between these phases [120]. The χ phase, firstly described by 

Andrews [122], is generally not desirable, especially due to its brittleness [116,121]. A 

microstructure made of the major bcc phase with carbide precipitates seems to be much more 

beneficial. The disappearance of the χ phase and the formation of the M6C and the increase of 

the volume fraction of bcc#2 should be studied further in the future to better understand this 

(a) 

(b) 

(c) 

(d) 
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phenomenon. Vaidya et al. [123] found that in the CoCrFeMnNiV HEA, carbon and oxygen 

contaminations introduced during mechanical alloying and sintering could prevent the 

formation of tetragonal σ phase, commonly observed in the cast and homogenized alloy, and 

favor the formation of carbides and oxides, which could be more beneficial in terms of 

ductility. The authors explain that the formation of carbides and oxides, enriched in chromium 

and vanadium, leads to depletion of the main fcc phase in these elements. Therefore, the 

required composition to form the σ phase is not reached. It could not be excluded that the 

formation of carbides and oxides after annealing at a higher temperature in this study prevents 

the presence of the χ phase. Carbides, such as M6C [87,114] or M23C6 [79,81,82,84,85,113], 

are commonly found in many HEA prepared by powder metallurgy. Carbon, which plays 

obviously a key role in the formation of carbides, also could dissolve, in smaller amounts, in 

the χ phase. The presence of large holes in the crystal structure allows the dissolution of 

carbon in the χ phase [120]. Hence, carbon contamination, introduced during mechanical 

alloying, can significantly affect the microstructure and the properties after annealing or 

sintering. The source of carbon for the milling in SPEX mill is the steel of balls and vial; the 

pollution could also come from materials used to weigh and prepare the mixture of powders 

or even from dust [70]. The contamination during mechanical alloying is inevitable; however, 

appropriate heat treatment could lead to the formation of carbides, which are more beneficial 

for mechanical properties than the brittle χ phase. Dealing with the phase transformations 

during the annealings of powder, the most interesting is the increase of the volume fraction of 

bcc#2 phase after the annealing at 950 °C compared to 800 °C, while the χ phase disappears. 

It should be further studied in the future. The composition of the bcc#2 phases was not 

measured precisely due to the small grain size of annealed powder; however, based on the 

presence of other phases (carbides and χ), it is sure that the chemical composition of bcc#2 

phase varies depending on the heat treatment. The composition of bcc#2 is discussed more 

detailed in bulk samples in the next chapter. Nevertheless, it could be concluded that the 

powder annealed at 950 °C for 1 h (A-O-S32h-950) consists of a dominant bcc#2 phase and a 

small fraction of carbides (M6C and M23C6).  

The DSC curves of the P-EQ-R70hS4h and P-O-S32h alloys are similar with slightly 

shifted temperatures of phase transformations. The heat treatment of the P-EQ-R70hS4h 

powder, at 850 °C for 1 h, leads to the disappearance of the bcc#1 phase and the dissolution of 

pure manganese. Moreover, the dramatic decrease of peaks intensity of the bcc#2 phase, the 

formation of a high-volume fraction of the χ phase, and the M6C carbide rich in molybdenum 
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are observed. After the heat treatment at 950 °C for 1 h, the complete disappearance of the χ 

phase is found similarly to the A-O-S32h-950 annealed powder. The intensity of the bcc#2 

peaks increases significantly as well as the peaks of the M6C. Moreover, small peaks of the 

M23C6 appear. The high amount of carbides could be the effect of higher contamination in 

carbon, especially from stearic acid (process control agent) during mechanical alloying in the 

planetary mill. The high content of molybdenum, which is a strong carbide former [124], 

could drastically increase the ability to form the M6C carbide, which is usually enriched in 

molybdenum [87,114]. Moreover, carbon could dissolve in the χ phase [120]; however, the 

high content of carbon could lead to an easier transformation of the χ phase into the M6C 

carbide, which contains a higher content of carbon. The high content of molybdenum also 

seems to be preferred to form either the χ phase or the molybdenum rich M6C carbide instead 

of a disorder multi-element bcc phase. The typical chemical formula of the χ phase in steels is 

Fe36Cr12Mo10 [119]. Furthermore, the large electronegativity difference of equiatomic alloy 

could facilitate the formation of intermetallic compounds instead of a disorder bcc phase. 

The annealing of the P-OE-S32h powder shows somewhat surprising results. The χ 

phase is present after heat treatment at 950 °C for 1 h (P-OE-S32h-950). There are two 

possible reasons for that. The small change of chemical composition, compared to the P-O-

S32h powder, could result in the shift of temperature of the χ phase transformation to M6C to 

a higher temperature. The lower content of molybdenum, which is a carbide former, stronger 

than chromium [124], can hinder the formation of molybdenum-rich carbide M6C. The second 

reason could be smaller contamination by carbon for the P-OE-S32h compared to the P-O-

S32h powder. Both alloys were fabricated by the same processing in SPEX for 32 h; hence, 

the decrease of pollution is unlikely. However, contamination is a random process, which 

cannot be fully controlled. Maybe, a small change in the chemical composition could affect 

the contamination by carbon.  

In conclusion, the P-O-S32h powder mechanically alloyed in SPEX for 32 h was 

chosen for sintering experiments. The alloy presents a major bcc#2 phase (a = 2.91 Å) and a 

small fraction of carbide precipitates after annealing at 950 °C/1h (A-O-S32h-950). 

Moreover, it should be noted that at this temperature, no harmful χ phase was detected. The 

very promising feature of this powder is the high-volume fraction of disordered bcc#2. A 

more detailed study of bcc#2 is conducted on the bulk samples and presented in the next 

chapter. It seems that this alloy, with similar microstructure after sintering, could present very 

promising mechanical properties (e.g., high hardness and strength). The equiatomic powder 
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shows a significant electronegativity difference, which could be beneficial to stabilize 

intermetallic compounds after sintering. Moreover, the alloy with equiatomic content of 

elements introduced to the vial (P-EQ-R70hS4h) presents much higher carbon contamination 

and high molybdenum content, which is a strong carbide former [124]. Both aspects lead to 

the formation of a high-volume fraction of carbides after annealing and probably even higher 

after sintering due to the contact with graphite die. The P-OE-S32h powder consists of a 

harmful χ phase despite having parameters in the good range, which shows that this 

composition, prepared in SPEX, could not be a promising candidate for obtaining an alloy 

with excellent mechanical properties after sintering.  
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6. Structure and microstructure of the bulk samples 

Mainly the sintering of the optimized powder mechanically alloyed in SPEX for 32 h 

(P-O-S32h) was performed due to its promising microstructure (i.e., major bcc and a small 

fraction of carbides) obtained after thermal treatment. Three sintering temperatures were 

selected: 950, 1100, and 1250 °C. The lowest sintering temperature (950 °C) was chosen to 

prevent the formation of the χ phase, while the highest sintering (1250 °C) was selected to be 

below the melting points (measured by DSC of MA powder, Subsection 5.1.) of the M23C6 

carbide (1286 °C) and the bcc#2 phase (1445 °C). The list of sintered samples is shown in 

Table 6-1. to present the results clearly (more details in Appendix - Names of samples). 

Table 6-1. List of sintered samples. 

Name of sintered samples Name of MA powder Sintering conditions 

S-O-S32h-S950-1hV 

P-O-S32h 

950 °C for 1 h under vacuum 

S-O-S32h-S950-1hA 950 °C for 1 h under argon 

S-O-S32h-S950-2hA 950 °C for 2 h under argon 

S-O-S32h-S1100-2hA 1100 °C for 2 h under argon 

S-O-S32h-S1250-2hA 1250 °C for 2 h under argon 

S-EQ-R70hS4h-S950-1hA P-EQ-R70hS4h 950 °C for 1 h under argon 

S-OE-S32h-S950-1hA P-OE-S32h 950 °C for 1 h under argon 

6.1. Structure of sintered optimized alloy 

The XRD analyses of consolidated P-O-S32h powders reveal a significant influence of 

the sintering temperature on the phase formation (Fig. 6-1). All samples sintered at 950 °C 

present a somewhat similar structure, i.e., a major bcc#2 phase and carbides (predominant 

M6C and lower volume fraction of M23C6) (Fig. 6-1a, b, and c). The phase ratios of different 

phases were not estimated by the XRD due to the impossibility to know the peak intensity of 

the pure new multi-element bcc#2 phase and pure multi-metallic carbides. The present phases 

are in agreement with the results of the A-O-S32h-950 annealed powder presented in 

Subsection 5.2.1. The lattice parameters of the phases are close to be found in the heat-treated 

powder (Table 6-2). The lattice parameters of carbides are slightly different depending on the 

sample. It could be due to possible differences in the composition of the metallic part of 

carbides and the difficulty of measuring the position of peaks because of their low intensity. 

The XRD result of the S-O-S32h-S1100-2hA sample reveals the presence of the bcc#2 phase 

similar to the samples sintered at 950 °C; however, the volume fraction of M23C6 carbide 

increases while the amount of the M6C carbide decreases. The M23C6 is the predominant 
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carbide after sintering at this temperature. Some barely noticeable peaks of Al2O3 appear, 

which could be due to the residual presence of oxygen in the furnace chamber or due to the 

contamination by oxygen during mechanical alloying. The lattice parameter of the bcc#2 

phase is slightly smaller than the one found in the samples sintered at 950 °C. The results of 

the S-O-S32h-S1250-2hA sample show the presence of the major bcc#2 phase without 

substantial change of lattice parameter compared to the samples sintered at lower 

temperatures (Table 6-2). It should be noted that a small fraction of the powder has melted 

during sintering at 1250 °C for 2 h. This powder is kept inseparably glued to the die and 

punch and therefore was not analyzed. This could be related to a partial fusion of M23C6 

carbide. The DSC analysis (see Subsection 5.1.) shows the M23C6 melting temperature at 

1286 °C; however, a longer incubation time and higher carbon content could probably slightly 

decrease the melting temperature. The major carbide M23C6 and a smaller volume fraction of 

M6C are present, which is similar to the S-O-S32h-S1100-2hA sample. The low peaks of 

Al2O3 are also noticed, which is due to the high affinity of aluminum to oxygen. It should be 

noted that the χ phase, which was found after annealing of powder at 650 and 800 °C for 1 h 

(A-O-S32h-650 and A-O-S32h-800, see Subsection 5.2.1.), was not detected in any sintered 

samples. The presence of the intermetallic AlMo3 or σ phase or the intermetallic type Cr3Si 

(A15), which were predicted by CALPHAD calculations by Senkov et al. [22] and by our 

calculations, were not confirmed by XRD. 

 
Figure 6-1. XRD patterns of the sintered optimized alloy: a) S-O-S32h-S950-1hV, b) S-O-S32h-S950-

1hA, c) S-O-S32h-S950-2hA, d) S-O-S32h-S1100-2hA, e) S-O-S32h-S1250-2hA. 
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Table 6-2. Lattice parameters of phases formed during sintering of the P-O-S32h powder. 

Sample Lattice parameters [Å] 

bcc#2 M6C M23C6 

S-O-S32h-S950-1hV 2.92 11.17 10.69 

S-O-S32h-S950-1hA 2.92 11.16 10.68 

S-O-S32h-S950-2hA 2.92 11.18 10.69 

S-O-S32h-S1100-2hA 2.91 11.16 10.67 

S-O-S32h-S1250-2hA 2.91 11.15 10.68 
 

6.2. Microstructure of sintered optimized alloy 

  6.2.1. Scanning electron microscopy with EDX analysis 

The SEM analyses were performed in the central region of the cross-section of 

samples and in the areas close to the sample surface, which was in contact with graphite foils 

during sintering and therefore, could present different microstructure.  

   6.2.1.1. Areas in the center of the cross-sections of samples   

 SEM-BSE analyses (Fig. 6-2) reveal significant differences in microstructure between 

studied samples. The exact chemical composition of phases was measured by TEM-EDX and 

is presented in Subsection 6.2.3. The bcc#2 (dark grey contrast) is the major phase in all 

sintered samples, which is in agreement with the XRD results (see Subsection 6.1.) and 

confirms the findings of the A-O-S32h-950 annealed powder (see Subsection 5.2.1.). The , 

AlMo3, and other intermetallics are not present in the sintered samples. 

The samples sintered at 950 °C (Fig. 6-2a-c) consist, besides the major bcc#2 phase, of 

carbides M6C and M23C6. The light precipitates significantly enriched in molybdenum (Fig. 

6-3 and Figs. C1 and C2) are associated with the M6C carbide, which is usually molybdenum-

rich in the literature [87,114]. The M6C carbide is predominant in all samples sintered at 

950 °C; however, its distribution varies significantly depending on the region of analysis. It is 

believed that it is related to the randomness of the contamination phenomena during 

mechanical alloying. The powder particles are contaminated by a different amount of carbon 

during MA. It seems that the atmosphere, either vacuum or argon, does not play an important 

role in the microstructure of the sintered sample at 950 °C. Argon is an inert gas and thus does 

not react with powder during sintering. The longer sintering time could probably enhance the 

diffusion of carbon from graphite die and therefore promotes the formation of carbides [51]. 

The small fraction of the M23C6 carbide, which is often chromium-rich according to the 

literature [51,73,79,81–83,85,113], is also revealed by EDX analyses (Fig. 6-3 and Figs. C1 
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and C2). The presence of Al2O3 could not be unambiguously confirmed by SEM-EDX 

studies. The zones enriched in aluminum, visible in Fig. 6-3, could be related to an artifact 

(presence of holes – porosity), to the presence of alumina or both phenomena simultaneously. 

Analyses with better resolution, such as EBSD or TEM, were conducted to confirm the 

formation of Al2O3 (Subsections 6.2.2. and 6.2.3.3.). The formation of Al2O3 [74,85] or other 

oxides [78,83,125] is a common phenomenon in sintered HEAs. The porosity is also 

frequently observed in sintered samples [79,83,87,104]. 

SEM analyses of the S-O-S32h-S1100-2hA sample reveal a significantly different 

microstructure (Fig. 6-2d). Nevertheless, the bcc#2 phase is still predominant. The 

molybdenum-rich M6C carbide almost disappeared after sintering at 1100 °C (Fig. C3). The 

major carbide is the chromium-rich M23C6. In the literature, the M6C is believed to be more 

stable at higher levels of temperature than the M23C6 carbide [126]. However, in this study, 

other effects could enhance the transformation of the M6C into the M23C6 carbide. The M6C 

seems to be formed from the  phase (enriched in molybdenum). As mentioned earlier, in the 

literature, the close link between the M6C carbide and the  phase was suggested. The 

sintering at 1100 °C enables faster diffusion of carbon from the graphite die towards the 

sample, which could enhance the transformation because M23C6 contains more carbon than 

M6C. Moreover, the overall higher content of chromium than molybdenum could be 

beneficial in the formation of the chromium-rich M23C6 carbide. The zones enriched in 

aluminum in Fig. C3 suggest the formation of Al2O3, further analyses by EBSD and TEM 

were conducted to confirm the phenomenon. The volume fraction of black spots, which are 

related to porosity, seems to be higher for the S-O-S32h-S1100-2hA sample (Fig. 6-2d), than 

for samples sintered at 950 °C (Fig. 6-2a-c). It could be related to the coalescence at higher 

temperatures of the nano-porosity that existed already in samples consolidated at lower 

temperatures or to the formation of new pores (due to release of oxygen from the powder 

particles) or even to the extraction loss of alumina particles during polishing or to the 

phenomenon related to the thermal stresses.  

SEM analyses of the S-O-S32h-S1250-2hA sample (Fig. 6-2e) reveal some similarities 

with the S-O-S32h-S1100-2hA sample. The volume fraction of the bcc#2 phase seems to 

decrease slightly compared to the S-O-S32h-S1100-2hA sample. The content and grain size of 

the predominant chromium-rich M23C6 carbides are much larger, which could be related to the 

faster diffusion of carbon from the graphite die during sintering at this temperature. The 
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volume fraction of the molybdenum-rich M6C carbide is still very low. It should be noted that 

the content of molybdenum in the M23C6 is higher than in the matrix bcc#2 phase (it is 

discussed in detailed based on the TEM-EDX analyses in Subsections 6.2.3.1. and 6.2.3.2.). 

The regions enriched in aluminum are much larger than in samples sintered at a lower 

temperature, suggesting a significant alumina formation (Fig. 6-4). The phenomena resulting 

in the visibility of many black spots, such as coalescence of nano-porosity, formation of new 

pores due to thermal stresses, are more important at 1250 °C. The volume fractions of phases 

were analyzed by EBSD and discussed in Subsection 6.2.2. The compositions of phases were 

measured by TEM-EDX and discussed in Subsection 6.2.3.  

 
Figure 6-2. SEM-BSE images of the cross-section center in the optimized alloy samples sintered under 

different conditions: a) S-O-S32h-S950-1hV, b) S-O-S32h-S950-1hA, c) S-O-S32h-S950-2hA, d) S-

O-S32h-S91100-2hA e) S-O-S32h-S1250-2hA.  

 
Figure 6-3. SEM-BSE image with corresponding EDX mapping in the central area of the S-O-S32h-

S950-2hA sample.  
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Figure 6-4. SEM-BSE image with corresponding EDX mapping in the central area of the S-O-S32h-

S1250-2hA sample. 

6.2.1.2. Areas close to the surface of samples  

The analyses of regions close to the surface, which were in contact with the graphite 

die during sintering, were also conducted. The severe contamination by carbon in these 

regions was reported in the literature [51,73]. In this study, Figure 6-5 reveals a significantly 

higher volume fraction of carbides close to the surface than in the central region of each 

sample (Fig. 6-2). The volume fraction of carbides decreases gradually from the surface 

towards the center of the sample. The strict boundary between surface and core does not exist; 

however, the region with a significant amount of carbides was estimated up to 80 m from the 

surface for the S-O-S32h-S950-1hV sample (Fig. 6-5b) and a few hundred microns (300 – 

400 m) for the S-O-S32h-S1100-2hA sample (Fig. 6-5c, d). 

The analyses of the samples sintered at 950 °C reveal the formation of high-volume 

fraction of both carbides (Fig. 6-5a, b, Fig. 6-6, Figs. C4, and C5). In the central region, the 

predominant carbide is molybdenum-rich M6C, while in the surface region, both carbides 

(M6C and M23C6) present a somewhat similar volume fraction because of the effect of the 

high carbon content due to the diffusion from the graphite die. The sufficiently high carbon 

content enables the formation of both carbides simultaneously, including M23C6, which needs 

a higher amount of carbon than M6C.  
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Figure 6-5. SEM-BSE images revealing carbides in areas close to the surface in the sintered samples: 

a) S-O-S32h-S950-2hA, b) S-O-S32h-S950-1hV (low magnification), c and d) S-O-S32h-S1100-2hA 

(low magnification), e) S-O-S32h-S1100-2hA, f) S-O-S32h-S1250-2hA. 

 
Figure 6-6. SEM-BSE image with corresponding EDX mapping showing region close to the surface of 

the S-O-S32h-S950-2hA sample. 
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The region close to the surface of the S-O-S32h-S1100-2hA sintered sample presents 

similarities with that of the samples sintered at 950 °C. Both types of carbides (M6C and 

M23C6) are present (Fig. 6-5e). However, the region with a high fraction of both types of 

carbides is much larger than for the samples sintered at 950 °C. In Figure 6-5c and d, the 

zones with a decreasing amount of the molybdenum-rich M6C carbide towards the sample 

core could be noticed. However, the predominant carbide seems to be the chromium-rich 

M23C6 (Fig. C6), even in the very first zone in the vicinity of the surface. Nevertheless, the 

volume fraction of the molybdenum-rich M6C carbide is much higher than in the central 

region of the sample. The reason for the coexistence of both carbides is similar as for the 

samples consolidated at 950 °C. The diffusion of carbon is much easier at a higher 

consolidation temperature, and consequently, the zone with a high fraction of both types of 

carbides is significantly larger. The sufficient carbon content enables the formation of the 

M23C6 without the destruction of the M6C. 

 
Figure 6-7. SEM-BSE image with corresponding EDX mapping showing region close to the surface of 

the S-O-S32h-S1250-2hA sample. 

The region close to the surface of the S-O-S32h-S1250-2hA sample presents 

similarities with other sintered samples, i.e., both carbides (M6C and M23C6) are present in a 

high-volume fraction (Fig. 6-5f). It is related to high contamination by carbon in these 

regions, which favors the coexistence of the M6C and M23C6 carbides. The large grains of 

chromium-rich M23C6 are dominant over smaller grains of the molybdenum-rich M6C (Fig. 6-

7). The presence of black spots, attributed to the porosity and Al2O3, is similar to the central 

region of the sample. The analysis of areas close to the surface brings interesting insights into 

the phenomenon of carbon contamination coming from the graphite die. In the literature 

dealing with the sintering of HEAs, the contamination in the close to the surface region is not 
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often discussed [79,85]. Nevertheless, it should be noted that areas with a significantly higher 

volume fraction of carbides are relatively small compared to the whole volume of the sample 

and the multi-element bcc#2 phase is also always present close to the surface. Therefore, all 

other studies focused on the core part.   

6.2.2. Electron backscatter diffraction analysis  

The EBSD analyses were conducted to determine the grain size in sintered samples, to 

confirm the phases detected by XRD, and to calculate their volume fractions. The spatial 

resolution of the EBSD can be considered about a few dozen nanometers, which is much 

better compared with the micrometer resolution of the SEM-EDX. In other words, the EBSD 

analyses provide more accurate data about phase ratio and its distributions. 

The EBSD phase images (Fig. 6-8) show results with good agreement with XRD and 

SEM. The most predominant phase in all bulk samples is the multi-element bcc#2. The 

volume fraction of bcc#2 is above 95 % for samples consolidated at 950 and 1100 °C, and 

slightly lower for the sample sintered 1250 °C due to an easier diffusion of carbon at a higher 

temperature, and therefore, an increase of the carbide volume fraction (Table 6-3). The 

predominant carbide after consolidation at 950 °C is the molybdenum-rich M6C carbide, even 

though a few chromium-rich grains of M23C6 were detected (Fig. 6-8a, b). The slight 

difference of volume fractions of carbides and bcc#2 between the samples consolidated at 

950 °C (Table 6-3) is rather the effect of the randomness of the contamination during 

mechanical alloying than the result of sintering conditions (atmosphere or duration). The 

predominant carbide after consolidation at 1100 and 1250 °C is the chromium-rich M23C6 

(Table 6-3), while only a very few grains of the M6C carbide were detected (Fig. 6-8c, d). It 

confirms the XRD and SEM results, which show that M6C transforms into M23C6 at higher 

temperatures. The presence of fine grains of alumina was detected in all bulk samples; 

however, the significant increase of its volume fraction occurs during sintering at 1250 °C (S-

O-S32h-S1250-2hA). The higher temperature leads to an easier formation of Al2O3 from 

residual oxygen in the furnace chamber and introduced during mechanical alloying. In the 

literature, the formation of nanosized Al2O3 occurred during the sintering of mechanically 

alloyed HEAs by hot-press sintering at 900 °C [85] or by SPS at 1100 °C [74]. The porosity is 

present in all consolidated samples. The nano-porosity, which is difficult to detect even by 

EBSD, is undoubtedly present in the samples sintered at 950 °C. During the sintering at 

higher temperatures, grains grow at the same time as pores grow. It results in more visible 
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pores after consolidation at 1100 °C (Fig. 6-8c). The coalescence of the porosity is 

particularly visible after sintering at 1250 °C (Fig. 6-8d), which is also revealed by SEM 

observations (Subsection 6.2.1.). The pore coalescence during sintering was also reported in 

the literature [127].  

 
Figure 6-8. EBSD phase images of the optimized alloy sintered samples: a) S-O-S32h-S950-1hV, b) 

S-O-S32h-S950-2hA, c) S-O-S32h-S1100-2hA, d) S-O-S32h-S1250-2hA.  

 The grain size of phases, especially of the multi-element bcc#2 phase and the M23C6 

chromium-rich carbide, varies significantly depending on the sintering conditions 

(temperature). In brief, a higher consolidation temperature causes an increase in grain size 

(Fig. 6-9). The mean grain size of bcc#2 in the samples S-O-S32h-S950-1hV and S-O-S32h-

S950-2hA is almost similar (Table 6-3). On the other hand, the observation of EBSD phase 

images (Fig. 6-8a, b) could lead to the misleading impression that grains of the S-O-S32h-

S950-2hA sample (Fig. 6-8b) are bigger than those of the S-O-S32h-S950-1hV sample (Fig. 

6-8a). The detailed analysis of the grain size distribution showed in Fig. 6-10, reveals that in 

the S-O-S32h-S950-2hA sample, some grains grow rapidly and thus easily catch our 

attention. The vast majority of grains of both samples are so small that their outline cannot be 

seen on the EBSD phase map. Moreover, the S-O-S32h-S950-2hA sample presents a higher 

volume fraction of the smallest grains (0-0.20 m), which contributes significantly to balance 

the influence of bigger grains (> 0.61 m) on the mean grain size. Hence, the duration of 

sintering at 950 °C, either 1 or 2 h, has no essential effect on the mean grain size. The more 
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significant abnormal grain growth observed in the S-O-S32h-S950-2hA sample could be 

related to a lower volume of nanosized carbides in the analyzed area. Carbides could play an 

essential role in inhibiting grain growth [73,94]. 

Table 6-3. Summary of the EBSD results of the optimized sintered alloy: mean grain size, standard 

deviation, and phase ratio. 

Sample Phase 
Mean grain 

size [µm] 

Standard 

deviation [µm] 

Volume fraction 

[%] 

S-O-S32h-

S950-1hV 

bcc#2 0.23 0.11 95.65 

M6C 0.29 0.15 3.91 

M23C6 0.25 0.14 0.35 

Al2O3 0.25 0.11 0.09 

S-O-S32h-

S950-2hA 

bcc#2 0.22 0.13 98.34 

M6C 0.27 0.16 1.03 

M23C6 0.20 0.08 0.39 

Al2O3 0.23 0.12 0.24 

S-O-S32h-

S1100-2hA 

bcc#2 0.43 0.36 96.79 

M6C 0.00 0.00 0.00 

M23C6 0.38 0.29 2.98 

Al2O3 0.24 0.13 0.22 

S-O-S32h-

S1250-2hA 

bcc#2 0.51 0.68 88.91 

M6C 0.27 0.13 0.03 

M23C6 0.58 0.71 5.82 

Al2O3 0.27 0.12 5.25 

The grain size of the M6C carbide is similar for the sintering temperatures of 950 °C 

(1 or 2 h) and 1250 °C (Table 6-3). Nevertheless, it should be noted that above 950 °C, the 

M6C carbide is mostly replaced by the M23C6, and therefore its volume fraction is too low to 

make a firm conclusion. The M23C6 carbide grains grow with increasing consolidation 

temperature from 0.20 µm to 0.58 m (Fig. 6-9). Furthermore, at the sintering at 1250 °C, a 

relatively high phase ratio of large grains (> 1.21 m) of the chromium-rich carbide was 

detected (Fig. 6-10). The grain size of Al2O3 in all sintered samples is similar – about 

0.25 m. The alumina grains do not grow, but their volume fraction increases significantly 

with temperature (Table 6-3). The oxide particles, similar to carbides, can inhibit grain growth 

by the Zener pinning effect [73,125]. 
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Figure 6-9. Grain size of the bcc#2 phase and the M23C6 carbides in the optimized alloy samples as a 

function of the sintering temperature for 2 h. 

 
Figure 6-10. Histograms of grain size of phases (bcc#2, M6C, M23C6, Al2O3) in the optimized sintered 

alloy: a) S-O-S32h-S950-1hV, b) S-O-S32h-S950-2hA, c) S-O-S32h-S1100-2hA, d) S-O-S32h-

S1250-2hA. 

6.2.3. Transmission electron microscopy analysis  

TEM observations were performed to confirm the crystallographic structure of phases 

found by XRD and EBSD, as well as to evaluate the grain size. Moreover, TEM-EDX 

analyses were carried out to measure the chemical composition of each phase precisely thanks 

to a better resolution than SEM-EDX.  
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The observations of the S-O-S32h-S950-1hV alloy (Fig. 6-11a) show a phase 

composition in good agreement with results based by other techniques. The presence of 

molybdenum rich M6C carbides and the multi-element bcc#2 phase was confirmed and will 

be discussed in detail later. Most of the grains are very small (< 200 nm); however, a few 

significantly larger grains (up to 1 µm) were detected. It is the effect of abnormal grain 

growth. The phenomenon is also revealed by EBSD (Subsection 6.2.2.). The observations of 

the S-O-S32h-S1100-2hA sample show a significant grain growth (Fig. 6-11b). The 

predominant phase is bcc#2. The grains of molybdenum-rich M6C carbide disappeared almost 

completely, while the grains of chromium-rich M23C6 carbide formed. The pores become 

bigger and, therefore, much more visible on the images. The observations of the S-O-S32h-

S1250-2hA reveal further grain growth. The multi-element bcc#2 phase is still predominant; 

however, big grains of the chromium-rich M23C6 carbides could be easily found. The pores 

are much bigger than for other sintered samples. Small grains of alumina could be easily 

detected. TEM results are in good agreement with XRD, SEM, EBSD results.  

 
Figure 6-11. TEM bright-field images of the structure of the sintered optimized alloy: a) S-O-S32h-

S950-1hV, b) S-O-S32h-S1100-2hA, c) S-O-S32h-S1250-2hA. 

The STEM image with corresponding EDX mapping of the S-O-S32h-S950-1hV 

sample (Fig. 6-12) is in good agreement with SEM and EBSD analyses (Subsections 6.2.1. 

and 6.2.2., respectively). The molybdenum-rich precipitates attributed to M6C carbide are 

present. The multi-element bcc#2 phase, which consists of all alloy elements, is the 

predominant phase. The distribution of elements in grains of bcc#2 phase is rather 

homogenous. Some very small regions enriched in chromium could be related to the 

chromium-rich M23C6 carbides. 
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Figure 6-12. STEM image and corresponding EDX mapping of the S-O-S32h-S950-1hV sample. 

6.2.3.1. Major body centered cubic phase   

The bcc#2 with lattice parameter 2.91–2.92 Å is the predominant phase in all sintered 

samples from the optimized powder (P-O-S32h) according to the XRD results. The SAED 

patterns were acquired to confirm the bcc structure of the major phase. The TEM-EDX was 

performed to measure the chemical composition of the bcc#2 accurately. 

SAED patterns of bcc#2 grains of the S-O-S32h-S950-1hV alloy were performed in 

three zone axis (ZA) ([111], [001], [101]). The patterns were analyzed in the Zero-Order Laue 

Zone (ZOLZ) and in the First-Order Laue Zone (FOLZ) to confirm the body-centered cubic 

structure of the major phase undoubtedly. Data were analyzed using the “Atlas of Electron 

Diffraction Zone-Axis Patterns” [128]. Based on the results of ZOLZ shown in Fig. 6-13, 

coupled with FOLZ shown in Fig. C7, it could be concluded that the major phase presents a 

bcc structure. It is in perfect agreement with the XRD results of annealed powder (Subsection 

5.2.1.) and bulk samples (Subsection 6.1.). The TEM-SAED analyses confirm a similar bcc#2 

lattice parameter as the one determined by XRD; however, the values calculated from the 

electron diffraction present significantly larger error than calculated based on the XRD. 

Therefore, the exact values are not listed here. Convergent-Beam Electron Diffraction 

(CBED) and Precession Electron Diffraction (PED) should be carried out carefully to confirm 

the space group of the phase [129,130]. Both techniques proved to be very challenging for the 

investigated sample (small grain size and multiphase structure) and hence were not performed 

in this study. However, based on the space group of pure iron, chromium, and molybdenum, 
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which are the major elements in the bcc#2 phase, the most probable space group is Im3̅m 

(229), which is compatible with TEM results.  

The average composition of bcc#2 grains, based on data showed in Table 6-4 and 

EDX analyses of random bcc#2 grains (at least ten not shown here), is Al19Cr22Fe34Mn19Mo6. 

The chemical composition varies slightly between the grains. Based on the above results, the 

mechanical alloying and annealing of a powder of initial 19% Al, 22% Cr, 34% Fe, 19% Mn, 

6% Mo composition, corresponding to the bcc#2 phase, were performed. This composition is 

named as experimentally optimized. The purpose was to prepare the powder in which 

chemical composition ensures the formation of a single bcc structure. The results of MA and 

thermal stability of the powder are discussed in Subsection 4.1.3. and 5.2.3., respectively. 

 
Figure 6-13. TEM bright-field images of bcc#2 grains (a, c, e) with corresponding SAED patterns (b, 

d, f) of the S-O-S32h-S950-1hV sample in three zone axis (ZA). 
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Table 6-4. Chemical composition of bcc#2 grains shown in Fig. 6-13 measured by TEM-EDX. 

Region Composition [at. %] 

Al Cr Fe Mn Mo 

1 19 21 34 19 7 

2 19 22 34 19 6 

 TEM analyses of the bcc#2 phase in the S-O-S32h-S1100-2hA sample (Fig. 6-14) 

confirm the body-centered cubic structure with a similar lattice parameter as the one obtained 

by XRD. The chemical composition of the bcc#2 grain, shown in Figure 6-14, measured by 

EDX is Al18Cr20Fe34Mn20Mo8, which is close to the composition of the bcc#2 grains of the 

sample sintered at the lower temperature (S-O-S32h-S950-1hV). The slight decrease of 

aluminum and chromium could be attributed to the formation of a higher volume fraction of 

chromium-rich M23C6 carbide and alumina.  

 
Figure 6-14. TEM bright-field image of bcc#2 grain with the corresponding SAED pattern of the S-O-

S32h-S1100-2hA sample.  

The analyses of the bcc#2 phase in the S-O-S32h-S1250-2hA sample (Fig. 6-15) 

confirm the body-centered structure of the predominant phase with similar lattice parameter to 

those measured by XRD in the sample sintered at 1250 °C and found in other bulk samples. 

The composition of the bcc#2 grain showed in Fig. 6-15 measured by EDX is 

Al18Cr14Fe44Mn19Mo5. The significant increase of iron content in the bcc#2 phase is the effect 

of the decrease of other elements. The formation of a higher volume fraction of alumina and 

chromium-rich M23C6 carbide leads to the reduction of aluminum and chromium content, 

respectively. The molybdenum content in the M23C6 carbide is higher than in the bcc#2 phase 

(it is discussed later), and, as a consequence, the molybdenum content is lower in the bcc#2 

phase. A decrease of the manganese to iron ratio is probably the result of the sublimation of 

manganese during sintering, which is more significant at 1250 °C than at lower temperatures. 

The manganese sublimation during sintering was also observed in the literature [131,132].  
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Figure 6-15. TEM bright-field image of the bcc#2 grain with the corresponding SAED pattern of the 

S-O-S32h-S1250-2hA sample. 

6.2.3.2. Carbides precipitates 

Two types of carbides were found using XRD, SEM, and EBSD in bulk samples. The 

molybdenum-rich M6C carbide is present mainly in samples sintered at 950 °C, while the 

chromium-rich M23C6 is present particularly after sintering at 1100 and 1250 °C. The 

chemical composition of multi-element carbides was measured using TEM-EDX (without 

quantifying carbon). SAED patterns were acquired to confirm the crystallographic structure of 

carbides.  

 TEM analyses, coupled with SAED, confirm the face-centered cubic structure of the 

M6C carbide (Fig. 6-16a, b). The lattice parameter is about 11.15 Å. It is in good agreement 

with XRD results of annealed powder (Subsection 5.2.1.) and bulk samples (Subsection 6.1.). 

TEM-EDX reveals a high content of molybdenum in the carbides in the S-O-S32h-S950-1hV 

sample; however, other elements are also present (Table 6-5). After sintering at higher 

temperatures (S-O-S32h-S1100-2hA and S-O-S32h-S1250-2hA), only a few small grains of 

M6C were found (Fig. 6-16c); nonetheless, the composition is relatively similar to found in 

the samples consolidated at a lower temperature (Table 6-5).  

 
Figure 6-16. TEM analyses of M6C carbide: a) TEM bright-field image of an M6C grain of the S-O-

S32h-S950-1hV sample, b) SEAD pattern of M6C in ZA [111], c) TEM bright-field image of an M6C 

grain of the S-O-S32h-S1250-2hA sample. 
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Table 6-5. Chemical composition (without quantifying carbon) of M6C grains showed in Fig. 6-16 

measured by TEM-EDX. 

Region Composition [at. %] 

Al Cr Fe Mn Mo 

1 15 13 19 9 44 

2 11 12 27 10 40 

 Analyses of the chromium-rich M23C6 carbide were also carried out. In the S-O-S32h-

S950-1hV sample, only a small fraction of the M23C6 was found. Hence, the investigations 

were focused on samples consolidated at higher temperatures (1100 and 1250 °C). TEM 

images, together with SAED patterns, confirm the face-centered cubic structure of the M23C6 

carbide with a lattice parameter of about 10.68 Å (Fig. 6-17). The results are in good 

agreement with XRD investigations (Subsection 6.1.). The TEM-EDX reveals a high 

chromium content, while the presence of aluminum is almost negligible in the M23C6 carbides 

(Table 6-6). The molybdenum content is generally slightly higher than in the bcc#2 phase.  

 
Figure 6-17. TEM analyses of the M23C6 carbide: bright-field images of grains in the sintered 

optimized alloy a) S-O-S32h-S1100-2hA, b) and c) S-O-S32h-S1250-2hA; corresponding SAED 

patterns d) in ZA [101] f) in ZA [111] e) in ZA [112̅]. 

Table 6-6. Chemical composition (without quantifying carbon) of M23C6 grains showed in Fig. 6-17 

measured by TEM-EDX. 

Region Composition [at. %] 

Al Cr Fe Mn Mo 

1 3 62 11 14 10 

2 1 57 18 14 10 

3 1 59 19 15 6 

   6.2.3.3. Alumina  

A small fraction of alumina was detected by EBSD in the samples sintered at 950 and 

1100 °C. EBSD reveals a slightly higher amount of Al2O3 in the sample consolidated at 
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1250 °C (S-O-S32h-S1250-2hA), so it was easier to detect and analyze it using TEM. In this 

sample, nanometric grains of alumina (between 200 and 400 nm) were found (Fig. 6-18). As 

mentioned earlier, alumina particles are also present in many sintered HEAs [74,85]. The high 

affinity between aluminum and oxygen (residual in the furnace chamber or introduced during 

mechanical alloying) leads to the formation of Al2O3. No other type of oxides was detected in 

the bulk samples sintered form the P-O-S32h powder. Many pores were found in the vicinity 

of alumina particles (Fig. 6-18). It could be related to three different phenomena. The 

coalescence of nano-porosity, which exists in samples sintered at 950 °C. The grains grow 

with increasing sintering temperature at the same rate as pores grow, and therefore, the 

porosity is more visible for the sample consolidated at 1250 °C. The second phenomenon 

could be the loss of brittle alumina particles during the preparation of samples for TEM and 

other experimental techniques such as SEM and EBSD. The third phenomenon could be 

related to thermal stresses. Furthermore, all phenomena could act simultaneously. 

 
Figure 6-18. TEM bright-field images of Al2O3 grains (a, b, c, d) in the S-O-S32h-S1250-2hA.  

The compositions of phases measured by TEM-EDX are presented in Table 6-7. The 

analyzes show quite a large range of chemical composition of bcc#2 depending on the 

sintering conditions. The iron content increases significantly for the highest studied sintering 

temperature. The chromium content decreases considerably in the S-O-S32h-S1250-2hA due 
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to a relatively high-volume fraction of the chromium-rich M23C6 carbide in this sample. The 

compositions of carbides (M6C and M23C6) also vary slightly, especially the iron content.  

Table 6-7. Average compositions of phases based on TEM-EDX analyses (without quantifying carbon 

and oxygen). 

Phase Sintering temperature (sample) Phase composition 

Bcc#2 

950 °C (S-O-S32h-S950-1hV) Al19Cr22Fe34Mn19Mo6 

1100 °C (S-O-S32h-S1100-2hA) Al18Cr20Fe34Mn20Mo8 

1250 °C (S-O-S32h-S1250-2hA) Al18Cr14Fe44Mn19Mo5 

M6C 
950 °C (S-O-S32h-S950-1hV) Al15Cr13Fe19Mn9Mo44 

1250 °C (S-O-S32h-S1250-2hA) Al11Cr12Fe27Mn10Mo40 

M23C6 
1100 °C (S-O-S32h-S1100-2hA) Al3Cr62Fe11Mn14Mo10 

1250 °C (S-O-S32h-S1250-2hA) Al1Cr58Fe19Mn14Mo8 

 

6.3. Density  

 The density measurements were performed using Archimedes' principle. The 

theoretical densities were calculated based on the densities of pure elements (listed in 

Subsection 2.1.3.). The composition of each sample was measured using large areas SEM-

EDX mapping (oxygen and carbon were not quantified). SEM-EDX results present relatively 

high errors, especially for the five-element multicomponent alloy. In addition, the chemical 

composition could vary depending on the analyzed area of the sample, mainly due to a 

heterogeneous distribution of carbides and oxides. Hence, the ratio of measured density to 

theoretical density should be considered as an indication of densification rather than a strict 

value comparable between samples.  

The results shown in Table 6-8 reveal good densification (> 97.0 %) of produced 

samples. In the literature, some relative densities of mechanically alloyed HEA powders 

sintered using hot press sintering could be found, e.g., 97.3 % for Al0.6NiFeCrCo and 94.2 % 

Al0.6NiFeCr alloy [104]. The relative density of SPSed samples are for example 96.8 % for 

NbMoTaWVTi [78] and 95 % for CoCrFeNi [114]. The measured densities of sintered 

optimized powder (P-O-S32h) vary around 6.55 g/cm3. The variation of the ratio of measured 

density to theoretical density seems insignificant for samples sintered at 950 and 1100 °C. 

Moreover, a longer time of sintering (2 h) at 950 °C did not result in a higher density. A 

slightly lower density is observed for the sample sintered at 1250 °C (S-O-S32h-S1250-2hA). 

It might seem to be related to the porosity, which is visible on EBSD and TEM images. 

However, the increase in the visibility of porosity revealed by TEM and EBSD is much higher 

than the slight decrease in density showed by Archimedes measurements. Hence, it could be 
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concluded that the porosity visible on EBSD and TEM images is mainly the result of the 

coalescence of the nano-porosity already present in samples and the loss of alumina particles 

during preparation. The slight decrease in density of the S-O-S32h-S1250-2hA sample could 

also be the effect of a higher volume fraction of alumina, which has low density – 3.99 g/cm3. 

Table 6-8. Density of sintered samples measured by the Archimedes' method.  

Sample 
Sintered sample final 

composition  

Theoretical 

density (ρT) 

[g/cm3] 

Measured 

density (ρBA) 

[g/cm3] 

ρBA/ ρT [%] 

S-O-S32h-S950-1hV 
21%Al, 22%Cr, 30%Fe, 

19%Mn, 8%Mo 
6.70 6.61 98.6 

S-O-S32h-S950-1hA 
20%Al, 23%Cr, 30%Fe, 

19%Mn, 8%Mo 
6.74 6.62 98.2 

S-O-S32h-S950-2hA 
22%Al, 22%Cr, 30%Fe, 

18%Mn, 8%Mo 
6.66 6.53 98.0 

S-O-S32h-S1100-2hA 
21%Al, 23%Cr, 30%Fe, 

19%Mn, 7%Mo 
6.67 6.59 98.8 

S-O-S32h-S1250-2hA 
21%Al, 23%Cr, 31%Fe, 

18%Mn, 7%Mo 
6.68 6.48 97.0 

 

6.4. Thermal stability of sintered optimized alloy  

The optimized powder (P-O-S32h) consolidated at 950 °C reveals a promising 

microstructure, i.e., fine grain size, a small fraction of carbides, and oxides, as well as a 

predominant multi-element bcc#2 phase. Hence, the thermal stability of the S-O-S32h-S950-

1hV sample was studied.  

  6.4.1. Differential scanning calorimetry 

 Differential scanning calorimetry analyses of the S-O-S32h-S950-1hV sintered sample 

(Fig. 6-19) reveal significant differences, especially during the first cycle of heating with DSC 

analyses of mechanically alloyed powder (P-O-S32h) (Subsection 5.1.). The curve of the first 

heating is rather flat compared to MA powders. Two endothermic peaks appear at T1 (528 °C) 

and T2 (879 °C). The endothermic peaks at T3 (1297 °C) and T4 (1461 °C) are in a close range 

of temperature as similar peaks found in mechanically alloyed powders, and therefore could 

be attributed to the same phenomena. The T3 peak is related to the melting of the chromium-

rich M23C6 carbide (similar to the temperature found by Yurkova et al. [82]), while the T4 

peak is assigned to the fusion of the major multi-element bcc#2 phase. The curve of the 
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second heating presents more similarities with the results of MA powders. The long 

endothermic phenomenon, form 300 °C up to about 1000 °C, could be related to the diffusion. 

The peak of the melting of the M23C6 carbide (T3) is bigger during the second heating than the 

first one, so the carbide volume fraction undeniably increased. Hence, the long endothermic 

process is probably a diffusion of chromium to form M23C6 carbides. The temperatures of 

melting peaks (T3 and T4) are slightly higher during the second heating. This shift could be 

the effect of slight changes of phase chemical compositions due to the partial evaporation of 

aluminum and manganese. A similar phenomenon was noticed in the analyses of 

mechanically alloyed powders. 

 
Figure 6-19. DSC curves (2 cycles of heating) of the S-O-S32h-S950-1hV sintered sample.  

 The sample placed in the DSC crucible was a small cuboid (about 40 mg) cut from the 

center of the sintered sample. After the experiment, the alloy was in the form of a sphere, 

which proves the sample fusion. The microstructure of the obtained sphere was investigated 

by SEM-BSE-EDX. The SEM-BSE image at low magnification (Fig. 6-20a) reveals large 

regions of major bcc#2 phase of a few hundreds of microns and a network of precipitates. 

SEM-EDX analyses show a high content of iron in the main bcc#2 phase (Table 6-9). A 

similar phenomenon is observed in the S-O-S32h-S1250-2hA sample (Subsection 6.2.3.1.). It 
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could be the effect of the sublimation of manganese and the formation of molybdenum and 

chromium-rich carbides. Nevertheless, it should be noted that the content of chromium is 

higher, and manganese is lower in the major phase after the DSC experiment than in the 

bcc#2 phase after sintering at 1200 °C. The sublimation of manganese is significantly higher 

in DSC at 1480 °C. The volume fraction of carbides is certainly lower due to the smaller 

carbon contamination of sample for DSC (lower diffusion of carbon from graphite die during 

sintering at 950 °C) than sintered at 1250 °C, which results in a higher content of chromium in 

the major phase. Figure 6-20b (higher magnification) and Figure 6-21 show at least two types 

of precipitates in the network – chromium and molybdenum rich. The SEM-EDX mapping 

reveals a higher concentration of carbon in the precipitates. The SEM-EDX is not designed to 

measure carbon content quantitatively in alloys; however, it could reveal a difference between 

phases. The chromium-rich regions are assigned to the carbide, probably to the M23C6 (based 

on the sintered sample results). However, the presence of other chromium-rich carbides, e.g., 

M7C3, which was found in other sintered HEAs [83,85,86,133], could also be possible. The 

XRD analysis (not shown here) reveals the bcc phase with a lattice parameter of 2.91 Å. 

However, due to the small sample size and low intensity of peaks, the identification of 

carbides peaks is not possible. There are some composition differences (see areas 3 and 4 in 

Fig. 6-20b and Table 6-9) between chromium-rich regions. The “M” in M23C6 formula could 

contain a different concentration of elements such as chromium, iron, manganese, and 

molybdenum for the studied system. The slightly different compositions of the M23C6 carbide 

are also revealed in sintered samples (Table 6-6). The molybdenum-rich regions are attributed 

to M6C. The chemical composition of these carbides (area 5 in Fig. 6-20b and Table 6-9) is 

close to found in sintered samples (Table 6-5). However, the wide variation of the M6C 

composition, even wider than for M23C6, was suggested in the literature [134]. The network of 

carbides (M6C and M23C6) on the grain boundaries was reported, for example, in superalloys 

after age-hardening heat treatment [135]. In addition to carbides, very few molybdenum-

manganese precipitates were noticed (Fig. 6-21). Surprisingly, only a few alumina particles 

are present after melting in DSC under a constant flow of argon (maximum temperature 

1480 °C), compared to 5.25 % volume fraction in the S-O-S32h-S1250-2hA sample. 

Therefore, the formation of Al2O3 in the sintered sample should be more related to the 

residual oxygen in the furnace chamber (sintering) than to oxygen introduced during 

mechanical alloying.  
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Figure 6-20. SEM-BSE images of the S-O-S32h-S950-1hV sintered sample and then melted in DSC 

during 2 cycles up to 1480 °C: a) low magnification, b) high magnification. 

Table 6-9. Chemical composition (without quantifying carbon and oxygen) of regions highlighted in 

Fig. 6-20b. 

Region Composition [at. %] 

Al Cr Fe Mn Mo 

1 20 19 39 15 7 

2 23 19 39 14 5 

3 0 76 8 8 8 

4 1 64 13 10 12 

5 14 14 23 8 41 

 
Figure 6-21. SEM-EDX mapping of precipitates in the S-O-S32h-S950-1hV sintered sample and then 

melted in DSC during 2 cycles up to 1480 °C. 

6.4.2. Annealing of the sintered sample 

 The S-O-S32h-S950-1hV sintered sample was annealed for 10 h at 950 °C under 

argon to verify the phase stability. The microstructure revealed by SEM-BSE images (Fig. 6-

22) is close to the microstructure of the S-O-S32h-S950-1hV sample (Subsection 6.2.1.1., Fig. 

6-2a). The major bcc#2 phase coexists with predominant molybdenum-rich M6C carbides and 

a smaller fraction of chromium-rich M23C6 carbides (Fig. 6-22b). The chemical composition 
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of the bcc#2 phase is Al21Cr21Fe32Mn20Mo6, which is similar to the composition of the bcc#2 

in the samples sintered at 950 °C. The TEM observations show grain growth after annealing 

(Fig. 6-23a, b) compared to the non-heat-treated sample (Subsection 6.2.3., Fig. 6-11a). 

Nevertheless, a large majority of the grains is below 300 nm of diameter. SEAD pattern 

confirmed the M6C structure of molybdenum-rich grains (Fig. 6-23d). The chemical 

composition of the M6C (Fig. 6-23c) is very close to found in the non-annealed sample 

(Subsection 6.2.3.2., Table 6-5). The analyses show good thermal stability after 10 h of 

annealing at 950 °C of the structure produced during sintering.  

 
Figure 6-22. SEM-BSE images of the S-O-S32h-S950-1hV sintered sample and then annealed at 

950 °C for 10 h under argon: a) low magnification, b) high magnification. 

 
Figure 6-23. TEM observations of the S-O-S32h-S950-1hV sintered sample and then annealed at 

950 °C for 10 h under argon: a) TEM bright-field image of a general view of the structure, b) TEM 

bright-field image of molybdenum rich M6C grain, c) chemical composition of M6C grain (without 

quantifying carbon), d) SAED pattern of M6C grain. 
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6.5. Arc melting preparation of optimized alloy 

 The P-O-S32h powder was pre-sintered at 600 °C for 1 h under argon (load 80 MPa). 

The consolidated sample was placed in the furnace chamber, and then arc melted under argon 

partial pressure. As mentioned earlier (Subsection 1.1.5.), the arc melting is not a preferred 

processing route for alloys with a high difference of melting temperatures of constituent 

elements, such as the Al-Cr-Fe-Mn-Mo family. However, in this study, the arc melting was 

performed on pre-sintered mechanically alloyed powder to prevent the presence of pure 

elements with a large gap of fusion temperatures. Nevertheless, the high temperature could 

lead to the evaporation or sublimation of elements, e.g., manganese [49]. However, some 

studies revealed a successful preparation of the alloy with a relatively high difference of 

melting temperatures of elements by arc melting, e.g., CoCrFeMnNi alloy with addition of 

16 at. % of molybdenum [136]. In this study, arc melting was performed to check if 

evaporation occurs and evaluate the final microstructure. The sample after arc melting 

consists of three separate parts named A, B, and C in Figure 6-24. Each piece was carefully 

investigated to determine its microstructure.  

 
Figure 6-24. Sample of the P-O-S32h powder pre-sintered at 600 °C for 1 h under argon after arc 

melting. Three separate parts (A, B, C). 

 The biggest part of the arc melted sample is A (Fig. 6-24). The XRD (Fig. C8) reveals 

the largely predominant presence of the bcc#2 phase with a lattice parameter of a = 2.93 Å. 

Some small peaks were also detected. Their intensities are lower than the carbides peaks in 

the sintered samples; thus, it is very difficult to distinguish them from background noise and 

identify undoubtedly the corresponding phases. These peaks might be probably related to the 

carbides, such as M23C6 or M7C3; however, more detailed investigations should be carried out 

in the future. The SEM-BSE observations (Fig. 6-25a) show a similarity in the microstructure 

with the melted sample obtained after DSC experiment (Subsection 6.4.1., Fig. 6-20). The 
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microstructure consists of major regions with constant chemical composition and a network of 

chromium and molybdenum-rich precipitates (Figure C9). The EDX mapping (not shown 

here) shows a higher concentration of carbon in the precipitates network, which suggests that 

precipitates are carbides. The composition of major regions is Al16Cr26Fe38Mn11Mo9, which is 

assigned as the bcc#2 phase. The significant decrease of manganese content is related to its 

evaporation during melting. The furnace chamber walls were covered by metallic dust, which 

was probably the evaporated manganese. The SEM-EDX mapping (Fig. 6-25b) shows 

chromium and molybdenum-rich carbides in the network. The composition of the chromium-

rich carbide (without quantifying carbon) is Al3Cr53Fe21Mn10Mo13. The composition in 

metallic elements is close to the M23C6 carbide in the sintered samples (Subsection 6.2.3.2.) 

and relatively similar to the chromium-rich carbides found in the sample melted in DSC 

(Subsection 6.4.1.). Hence, the chromium carbide could be the M23C6. The molybdenum-rich 

precipitates are too small (< 1 µm) to precisely measure the chemical composition. Based on 

the SEM-EDX mapping (Fig. 6-25b), this carbide is poor in chromium and manganese, which 

is similar for the M6C carbides in sintered samples. Moreover, some grains of alumina (black 

spots in Fig. 6-25) were found. 

 
Figure 6-25. SEM analyses of part A of the P-O-S32h powder pre-sintered at 600 °C for 1 h under 

argon and then arc melted: a) SEM-BSE image showing a general view, b) SEM-BSE image with 

corresponding EDX mapping of region in the grain boundary. 

 The part B of the arc melted sample was also investigated by SEM-BSE. The SEM-

EDX reveals the composition of the analyzed region as 40 at. % of aluminum and 60 at. % of 

oxygen, which perfectly corresponds to alumina (Fig. 6-26). The presence of Al2O3 explains 

the decrease in aluminum content in the bcc#2 phase in part A of the arc melted sample. The 

formation of a small piece of pure alumina is somewhat surprising because, in the sintered 

samples, only Al2O3 nanometric grains form. It is related to residual oxygen in the furnace 

chamber.  
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Figure 6-26. SEM-BSE images of part B of the P-O-S32h powder pre-sintered at 600 °C for 1 h under 

argon and then arc melted: a) low magnification, b) high magnification.  

 The smallest part C of the arc melted sample was also investigated. The XRD was not 

performed due to the small size of the sample. The microstructure consists of a major phase 

with the composition of Al15Cr27Fe45Mn1Mo12 and randomly distributed alumina precipitates 

of a few micrometers size (Fig. 6-27). In opposition to the bcc#2 phase in part A, the major 

phase in part C contains almost no manganese. Moreover, the network of chromium and 

molybdenum rich carbides was not found.  

 
Figure 6-27. SEM-BSE image with corresponding EDX mapping of part C of the P-O-S32h powder 

pre-sintered at 600 °C for 1 h under argon and then arc melted. 

The result of the arc melting confirms the significant evaporation of manganese and 

the formation of alumina. Similar phenomena occur during sintering, especially at 1250 °C. 

Nevertheless, during sintering, the loss of manganese is very small, and the volume fraction of 

alumina is up to 5 %. Hence, it could be concluded that the arc melting is not a suitable route 

of preparation of bulk samples from the Al-Cr-Fe-Mn-Mo family.  
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6.6. Results of sintering of equiatomic and experimentally optimized 

powders 

The powders P-EQ-R70hS4h and P-OE-S32h initially (based on annealing results, 

Subsections 5.2.2. and 5.2.3.) not selected for the consolidation, were also sintered at 950 °C 

for 1 h under argon. These sintering conditions are the most promising for the P-O-S32h 

powder. Therefore, similar conditions enable to compare the microstructure of other 

compositions from the Al-Cr-Fe-Mn-Mo system quickly.  

 The XRD pattern of the S-EQ-R70hS4h-S950-1hA (Fig. 6-28a) reveals the major 

bcc#2 phase with a similar lattice parameter (Table 6-10) as for the P-O-S32h powder sintered 

at 950 °C (Subsection 6.1.). The intensity of the M6C carbide peaks increases significantly, 

which shows a higher volume fraction of carbides than for the alloy with lower content of 

molybdenum. The result is in good agreement with the A-EQ-R70hS4h-950 annealed powder 

(Subsection 5.2.2.). The increase of the M6C carbide volume fraction could be the effect of 

higher molybdenum content in the alloy (M6C is usually molybdenum-rich) and the higher 

contamination by carbon due to milling in the planetary mill with the addition of stearic acid 

as a process control agent. Small peaks of the M23C6 carbide are also present, which is in a 

good agreement with the results of the optimized alloy (P-O-S32h powder) sintered at 950 °C 

(Subsection 6.1.). 

 The XRD pattern of the S-OE-S32h-S950-1hA sample (Fig. 6-28b) reveals the 

presence of the major multi-element bcc#2 phase with a similar lattice parameter (Table 6-10) 

as for the sintered optimized alloy (Subsection 6.1.) and the A-OE-S32h-950 annealed powder 

(Subsection 5.2.3.). The significant presence of the χ phase should be noted. The χ phase is 

also present in the A-OE-S32h-950 powder as well as after annealing in A-O-S32h-650 and 

A-O-S32h-800 powders. A slightly different chemical composition could probably shift the 

disappearance of the χ phase to a higher temperature than for alloys with a higher content of 

molybdenum. The carbon contamination, which plays a crucial role in carbide formation, 

could also be slightly lower for the P-OE-S32h powder due to the randomness of the 

contamination phenomenon and different chemical composition. Small peaks of the M23C6 

carbide are present in the pattern. No M6C carbide peaks were detected; nevertheless, the 

carbide could be present in a small fraction below the XRD detection limit.  
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Figure 6-28. XRD patterns of bulk samples: a) S-EQ-R70hS4h-S950-1hA, b) S-OE-S32h-S950-1hA.  

Table 6-10. Lattice parameter of bulk samples: S-EQ-R70hS4h-S950-1hA and S-OE-S32h-S950-1hA. 

Sample 
Lattice parameters [Å] 

bcc#2 χ phase M6C M23C6 

S-EQ-R70hS4h-S950-1hA 2.92 --- 11.17 10.66 

S-OE-S32h-S950-1hA 2.91 8.96 --- 10.69 

The SEM-BSE images of the S-EQ-R70hS4h-S950-1hA sample reveal similar 

microstructure (high content of white precipitates) in the region close to the surface (Fig. 6-

29a) and in the center of the sample (Fig. 6-29b). The SEM-EDX (Fig. 6-30) mapping reveals, 

besides the bcc#2 phase, with the composition of Al19Cr20Fe26Mn24Mo11, a very high-volume 

fraction of molybdenum and chromium rich regions. These regions, based on XRD data (Fig. 

6-28), were attributed to the M6C and M23C6 carbides, respectively. The high-volume fraction 

of carbides, especially the M6C, is related to a high-volume fraction of molybdenum in this 

composition (strong carbide former) and the very significant contamination by carbon from 

milling media and process control agent (stearic acid). The similar amount of carbides in the 

center and close to the surface of the sample is unexpected. The result of the sintered P-O-

S32h powder shows a higher volume fraction of carbides close to the surface region 

(Subsection 6.2.1.2.). However, it seems that the amount of carbon introduced from stearic 

acid (PCA) during milling in the planetary mill is enormous compared to the mechanical 

alloying in SPEX. Therefore, even important diffusion of carbon from the graphite die during 

sintering does not significantly change the microstructure in the area close to the sample 
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surface. The very high-volume fraction of carbide could improve hardness or wear resistance 

of the alloy; however, a significant decrease in ductility seems inevitable. Consequently, the 

microstructure of the sintered samples from the P-O-S32h powder is much more promising. 

The density of the sintered S-EQ-R70hS4h-S950-1hA sample is 6.93 g/cm3, which 

corresponds to 97.6 % of theoretical density. The measured density is higher than for bulk 

samples based on the P-O-S32h powder (Table 6-8), mainly due to a high content of 

molybdenum. 

 
Figure 6-29. SEM-BSE images of the S-EQ-R70hS4h-S950-1hA sample: a) region close to the surface 

of the sample, b) region in the center of the sample.  

 
Figure 6-30. SEM-BSE image with corresponding EDX mapping in the center of the S-EQ-R70hS4h-

S950-1hA sample.  

The SEM-BSE images of the S-OE-S32h-S950-1hA sintered alloy show a significant 

difference in the microstructure between the areas close to the surface (Fig. 6-31a) and in the 
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sample center (Fig. 6-31b). It should be noted that in both regions (surface and center), the 

multi-element bcc#2 phase is predominant, which is in good agreement with the XRD (Fig. 6-

28, Table 6-10) and results of the A-OE-S32h-950 annealed powder (Subsection 5.2.3.). The 

SEM-EDX mapping reveals the significant presence of the molybdenum-rich M6C and 

chromium-rich M23C6 carbides close to the surface (Fig. C10) while the χ phase is present in a 

slightly higher distance from the surface towards the center. The SEM-EDX mapping (Fig. 6-

32) reveals a high-volume fraction of the χ phase enriched in molybdenum in the sample 

center, which is also present in the A-OE-S32h-950 annealed powder (Subsection 5.2.3.). The 

chemical compositions of bcc#2 and χ phases (without quantifying carbon and oxyge) are 

Al20Cr20Fe38Mn18Mo4 and Al13Cr23Fe34Mn19Mo11, respectively. The formation of carbides in 

the near-surface is certainly related to the high carbon content in this region due to the 

diffusion from the graphite die during sintering. These results confirm that carbon 

contamination plays an essential role in the formation of the microstructure after 

consolidation. As mentioned earlier, the contamination introduced during mechanical alloying 

can vary depending on milling; however, the variation for the same processing conditions 

should be small. The more probable reason for the presence of the χ phase in the S-OE-S32h-

S950-1hA sintered sample could be a slight difference in the chemical composition compared 

to the S-O-S32h-S950-1hA. Maybe a slight decrease in molybdenum content could favor the 

χ phase presence instead of the M6C carbide. Moreover, the χ phase contains less aluminum 

than the bcc#2 phase. The content of aluminum in the S-OE-S32h-S950-1hA alloy is lower, 

compared to the S-O-S32h-S950-1hA alloy. Therefore, relatively small chemical composition 

changes could significantly affect the final microstructure. The density of the S-OE-S32h-

S950-1hA sintered sample is 6.71 g/cm3, which corresponds to 98.4 % of theoretical density. 

 
Figure 6-31. SEM-BSE images of the S-OE-S32h-S950-1hA sample: a) region close to the surface of 

the sample, b) region in the center of the sample. 
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Figure 6-32. SEM-BSE images with corresponding EDX mapping of the center of the S-OE-S32h-

S950-1hA sample.  

The sintering of the P-EQ-R70hS4h and P-OE-S32h powders shows less promising 

microstructures than the sample sintered from the P-O-S32h powder. The S-EQ-R70hS4h-

S950-1hA alloy, besides the multi-element bcc#2 phase, contains a very high-volume fraction 

of carbides due to high molybdenum content (carbide former) and significant contamination 

by carbon during milling (stearic acid). The S-OE-S32h-S950-1hA alloy consists of the bcc#2 

phase and χ phase, which could significantly decrease the alloy ductility. The results of 

sintered samples confirm the good initial choice of the P-O-S32h powder (after annealing of 

powders, Subsection 5.3.) for further investigations. 

 

6.7. Discussion and summary 

  The MA powder of the most promising alloy (P-O-S32h) after mechanical alloying 

and annealing results was sintered under different conditions. The structure and 

microstructure were carefully analyzed to determine the present phases, their volume 

fractions, and distribution. The thermal stability was investigated by DSC and annealing 

experiments. Additionally, arc melting was also performed. Moreover, the P-EQ-R70hS4h 

and P-OE-S32h powders were sintered to compare the microstructure.  

The microstructure of all bulk samples produced from the P-O-S32h powder consists 

of a predominant multi-element body-centered cubic phase (bcc#2) with a lattice parameter 
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between 2.91-2.93 Å, depending on the sintering conditions, and a small fraction of carbides 

and oxides. The chemical composition of the multi-element bcc#2 phase varies depending on 

the consolidation parameters; for the S-O-S32h-S950-1hV sample it is Al19Cr22Fe34Mn19Mo6 

and for the S-O-S32h-S1250-2hA sample it is Al18Cr14Fe44Mn19Mo5. The increase in iron 

content is caused by the decrease of other elements due to manganese sublimation (also found 

in the literature [131,132]) and the formation of a higher fraction of carbides and oxides. The 

grain size of the bcc#2 phase increases from 0.22 µm, after sintering at 950 °C (S-O-S32h-

S950-2hA), to 0.51 µm after consolidation at 1250 °C (S-O-S32h-S1250-2hA). These 

findings are consistent with the results of other sintered HEAs that higher sintering 

temperatures cause an increase in the mean grain size [83]. Therefore, in the purpose to obtain 

excellent mechanical properties (e.g. high yield strength and hardness), the most promising 

consolidation temperature is 950 °C. The sintering time (1 or 2 h) and atmosphere (vacuum or 

argon) at 950 °C seem not to present a significant effect on the microstructure of samples. It 

should be noted that the brittle intermetallic χ phase found after annealing of MA powder at 

600 and 850 °C was not found in the bulk samples. Moreover, the AlMo3 predicted by Senkov 

et al. [22] from CALPHAD calculations for the equiatomic composition, and σ phase or the 

intermetallic type Cr3Si (A15) predicted by our CALPHAD calculations, were not found 

either.  

 Contamination phenomena commonly occur in powder metallurgy processing 

[4,21,49]. As mentioned in the Literature review (Chapter 1), contamination could occur 

during mechanical alloying (Subsection 1.3.2.) and sintering (Subsection 1.3.4.). The results 

of the bulk samples of sintered P-O-S32h powder reveal the presence of carbides. The 

carbides were also found in annealed MA powder due to contamination of carbon during 

milling (Subsection 5.2.1.). Hence, the contamination occurs during mechanical alloying and 

sintering from graphite die. After sintering at 950 °C, the predominant carbide is the 

molybdenum-rich M6C carbide, while only a small fraction of the chromium-rich M23C6 

carbide is present. For alloy sintered at 1100 and 1250 °C, the M23C6 is definitely 

predominant carbide (only a few grains of M6C were found). Both carbides were found in 

literature in sintered HEAs: M6C [87,114] and M23C6 [79,81,82,84,85,113]. The volume 

fraction of carbides increases with increasing sintering temperature due to easier diffusion of 

carbon from graphite die into the sample. Moreover, a higher amount of both carbides was 

found near the surface of the samples, which was in contact with the graphite die. The 

presence of carbide could have a positive effect on properties such as hardness [51], or it 
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could inhibit grain growth [73]. However, a high carbide phase ratio could cause brittleness. 

The presence of alumina was also noticed in the sintered samples, especially in the sample 

consolidated at 1250 °C (S-O-S32h-S1250-2hA) due to the easier formation of Al2O3 at 

higher temperatures. The presence of alumina in sintered HEAs was found in the literature 

[74,85]. From the point of view to limit the formation of carbides and alumina, the best 

consolidation temperature is 950 °C. 

 The S-O-S32h-S950-1hV bulk sample analyzed by differential scanning calorimetry 

reveals quite similar temperatures of melting of the M23C6 carbide (1297 °C) and the bcc#2 

phase (1461 °C) as the P-O-S32h powder. The post-DSC melted sample shows a predominant 

phase and a network of molybdenum and chromium rich carbides. The major phase is 

significantly enriched in iron, mainly due to the sublimation of manganese and the formation 

of the carbides. The annealing for 10 h at 950 °C under argon of the S-O-S32h-S950-1hV 

bulk sample reveals the stability of the microstructure produced during the sintering (bcc#2 

phase, M6C, M23C6). The grain growth during annealing should be noted. 

The arc melted pre-sintered at 600 °C for 1 h under argon P-O-S32h powder presents 

an interesting microstructure. Three separate parts of the sample were obtained after the 

experiment. The biggest part reveals structure similar to the sample melted in DSC, i.e., major 

bcc#2 phase (a = 2.93 Å) and a network of chromium and molybdenum rich carbides. The 

content of manganese is lower than initial due to its significant evaporation. The smaller part 

consists of pure alumina, which forms due to aluminum and oxygen mutual affinity. The 

smallest part of the sample consists of a phase significantly enriched in iron and randomly 

distributed alumina. The results show that the arc melting does not produce a homogeneous 

single bcc phase from the mechanically alloyed pre-sintered P-O-S32h powder. The 

substantial loss of manganese and the formation of alumina demonstrate that the arc melting 

is not a suitable route of fabrication of alloys from the Al-Cr-Fe-Mn-Mo family. 

 The P-EQ-R70S4h and P-OE-S32h powders were consolidated at 950 °C for 1 h. The 

microstructure of the S-EQ-R70hS4h-S950-1hA alloy consists of major multi-element bcc#2, 

similar to found in the bulk samples produced from P-O-S32h powder, and a very high 

fraction of molybdenum and chromium rich carbides (M6C and M23C6). It is the effect of the 

high content of strong carbide former – molybdenum, and high contamination by carbon 

during mechanical alloying in the planetary mill from milling media and process control agent 

(stearic acid). The amount of carbides in the center of the sample is so high that the difference 
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between the surface, which was in contact with the graphite die during sintering, and the core 

could not be seen. The high-volume fraction of carbides could cause brittleness of the 

material. The microstructure of the S-OE-S32h-S950-1hA sample consists of bcc#2, 

intermetallic χ phase, and carbides (M6C and M23C6). The carbides are located mainly close to 

the surface, which is enriched in carbon due to the diffusion from the graphite die during 

sintering. In the core region of the sample, the bcc#2 and χ phases are present. The presence 

of the intermetallic χ phase could be the effect of lower carbon contamination or difference in 

chemical composition such as lower aluminum contents compared to the S-O-S32h-S950-1hA 

alloy. The intermetallic χ phase is brittle; therefore, it should be avoided in alloys for 

structural applications.  

 The results of the sintering of the P-O-S32h powder show a predominant bcc#2 in all 

bulk samples consolidated between 950 and 1250 °C. The presence of carbides and oxides 

depends on the sintering conditions. The consolidation at 950 °C results in the best 

microstructure for excellent mechanical properties, i.e., a small grain size, limited presence of 

carbides and oxides. The samples sintered at 950 °C present very good densification 

(> 98.0 %). The presented findings show the possibility of the preparation of a bulk high 

entropy alloy with major bcc#2 with a small fraction of carbides and oxides by mechanical 

alloying and hot press sintering. Moreover, the results showed that arc melting is not a 

preferred route for the fabrication of alloys from Al-Cr-Fe-Mn-Mo due to significant 

sublimation or evaporation of manganese and the formation of alumina. Additionally, the S-

EQ-R70hS4h-S950-1hA and S-OE-S32h-A950-1hA alloys consist, besides of a predominant 

bcc#2, of a high-volume fraction of carbides and χ phase, respectively. Hence, the 

microstructure of these alloys is less promising in terms of potential mechanical properties 

than the samples sintered form P-O-S32h powder. 

Finally, it should be noted that in all bulk samples, the predominant phase is a 

disordered multi-element body centered cubic phase (bcc#2) with a lattice parameter between 

2.91 and 2.93 Å. The composition of this phase varies significantly. The lowest content in 

iron (Al19Cr20Fe26Mn24Mo11) is found in the S-EQ-R70hS4h-S950-1hA sample (the initial 

composition of the powder is equiatomic). In contrast, the highest content of iron 

(Al18Cr14Fe44Mn19Mo5) is found in the S-O-S32h-S1250-2hA sample (optimized 

composition). The lowest content in molybdenum (Al20Cr20Fe38Mn18Mo4) is found in the S-

OE-S32h-S950-1hA sample (the initial composition of the powder is 19% Al, 22% Cr, 

34% Fe, 19% Mn, 6% Mo), while the highest content of molybdenum 



 6. Structure and microstructure of the bulk samples  

 124 

(Al19Cr20Fe26Mn24Mo11) is found in the S-EQ-R70hS4h-S950-1hA sample (the initial 

composition of the powder is equiatomic). The initial composition of powder and the 

contamination (and resulting carbides and oxides or the χ phase) significantly influence the 

composition of the obtained bcc#2 phase. The above results confirm the good stability of the 

multi-element bcc#2 phase in all studied bulk high entropy alloys (different chemical 

compositions and different temperatures of sintering or melting). 
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7. Mechanical properties  

The mechanical properties are essential characteristics of new materials. In this study, 

mechanical properties were evaluated by means of micro-indentation tests under different 

loads and by compression at temperatures between room temperature and 800 °C.  

 7.1. Micro-indentation 

The hardness measurements can be divided into three categories: macro-hardness, 

micro-hardness, and nano-hardness. The applied load in micro-hardness measurements is 

below 10 N (sometimes below 2 N) and above 10 mN [137]. In this study, the Vickers micro-

hardness measurements were performed at load from 0.5 to 9 N, to evaluate the effect of load 

on the obtained results. The microhardness results are presented in Table 7-1, and selected 

indentation curves are shown in Figure 7-1. A slight decrease of micro-hardness values was 

observed with increasing load; however, results stabilize from 2 N. The phenomenon is 

known as the Indentation Size Effect (ISE) [138]. The indentation depth in this study is 

between 1.3 and 9.0 μm depending on the sample and applied load.  

Table 7-1. Hardness measurement (HV) on the bulk samples for loads from 0.5 N to 9 N. 

Sample 0.5 N 0.75 N 1 N 2 N 5 N 9 N 

S-O-S32h-S950-1hV 
962 

41 

966 

22 

950 

29 

908 

26 

915 

26 

920 

47 

S-O-S32h-S950-1hA 
955 

29 

926 

55 

932 

27 

918 

19 

950 

45 

908 

16 

S-O-S32h-S950-2hA 
947 

55 

947 

47 

971 

39 

950 

47 

926 

34 

924 

37 

S-O-S32h-S1100-2hA 
693 

30 

677 

35 

715 

23 

685 

23 

689 

15 

690 

20 

S-O-S32h-S1250-2hA 
531 

46 

504 

23 

491 

24 

475 

32 

453 

21 

487 

20 

S-EQ-R70hS4h-S950-1hA 
1176 

86 

1153 

48 

1207 

85 

1223 

99 

1053 

120 

1099 

133 

S-OE-S32h-S950-1hA 
934 

49 

910 

33 

948 

34 

958 

26 

932 

30 

903 

38 

P-O-S32h pre-sintered at 

650 °C for 1 h, and then 

arc melting (part A) 

562 

20 

548 

22 

541 

15 

536 

16 

521 

8 

510 

8 
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Figure 7-1. Micro-indentation curves: a) all studied samples under a load of 1 N, b) the S-O-S32h-

S950-2hA sample under loads between 0.5 N and 9 N.  

The results obtained on the sintered samples with the optimized composition (P-O-

S32h, initial powder composition of 22.5 at. % Al, 22.5 at. % Cr, 28 at. % Fe, 20 at. % Mn, 

7 at. % Mo) show a significant effect of the consolidation temperature on the micro-hardness 

(Table 7-1). For the samples sintered at 950 °C, no effect of the atmosphere (argon or vacuum 

in the chamber) was noticed. Both samples present somewhat similar results in the standard 

deviation margin, which is relatively high, mostly due to not uniformly distributed carbides, 

oxides, and abnormal grain growth revealed by EBSD results (Subsection 6.2.2). The 

sintering time (1 or 2 h) does not present a significant effect on hardness either. It is in good 

agreement with the structure/microstructure investigations (Chapter 6), which did not reveal 

substantial microstructural differences between samples sintered at 950 °C. The hardness of 

samples consolidated at 950 °C is very high – about 950 HV1N, which exceeds the values of 

many sintered HEAs [74,82,83,85,93]. The increase of sintering temperature to 1100 and 

1250 °C results in a decrease of the hardness by 25 % and 48 %, respectively. The significant 

reduction in hardness could be attributed to several coexisting factors revealed by 

microstructure investigations, such as porosity coalescence (from nanometric size to 

micrometric size) and grain growth, which according to the Hall-Petch law, decreases the 

hardness. The carbide transformation from the molybdenum-rich carbide (M6C) to the 

chromium-rich carbide (M23C6) seems to play a role in hardness decrease too. The hardness of 

the M6C is higher than the one of the M23C6, according to the literature [139,140]. Therefore, 

the transformation could contribute to the decrease of the hardness of the samples sintered at 

1100 and 1250 °C. Nevertheless, it should be noted that the total volume fraction of carbides 

increases with increasing temperature. The hardness of the arc melted P-O-S32h powder is 

slightly higher than the powder sintered at 1250 °C. Despite having undeniably larger grains, 

the lack of porosity compared to the sintered samples contributes to a better hardness level. 
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Nevertheless, it should be noted that the chemical composition of the major phase in the arc 

melted sample is depleted in manganese, aluminum, and that some alumina precipitates were 

found (black spots in Fig.7-2b) (see Subsection 6.5). 

The hardness of the bulk S-EQ-R70hS4h-S950-1hA alloy is about 25 % higher than 

the S-O-S32h-S950-1hA (Table 7-1). It is mainly the effect of a very high-volume fraction of 

carbides (M6C and M23C6) showed by XRD and SEM-EDX (Subsection 6.6). The hardness of 

the S-OE-S32h-S950-1hA alloy is similar to the S-O-S32h-S950-1hA alloy sintered in the 

same conditions (Table 7-1). Hence, it could be concluded that the presence of the χ phase 

instead of carbides does not result in the increase of hardness; however, it could increase the 

brittleness of alloy.  

The Young’s moduli (elastic moduli, E) of bulk samples were determined from micro-

indentation tests. The elastic moduli obtained under loads of 1 N and 2 N are presented in 

Table 7-2. The moduli values are close between samples of the optimized and experimentally 

optimized alloys sintered at 950-1100 °C. The optimized powder consolidated at 1250 °C (S-

O-S32h-S1250-2hA) reveals a slightly lower elastic modulus, while the sintered equiatomic 

alloy (S-EQ-R70hS4h-S950-1hA) shows the highest Young’s modulus. The results present 

higher values compared with the value of 213 GPa predicted by Senkov et al. [22] for the 

equiatomic composition. However, it should be noted that Senkov et al. evaluated the elastic 

modulus for the sample without the presence of oxides and carbides. 

Table 7-2. Young’s modulus (GPa) determined from the micro-indentation curves at load of 1 N and 

2 N. 

Sample 1 N 2 N 

S-O-S32h-S950-1hV 227  6 237  7 

S-O-S32h-S950-1hA 249  5 244  6 

S-O-S32h-S950-2hA 248  7 243  8 

S-O-S32h-S1100-2hA 253  8 235  4 

S-O-S32h-S1250-2hA 204  8 193  7 

S-EQ-R70hS4h-S950-1hA 287  11 272  11 

S-OE-S32h-S950-1hA 245  6 238  4 

P-O-S32h pre-sintered at 650 °C for 

1 h, and then arc melting (part A) 
232  9 226  10 

The indentation zones were analyzed by SEM-SE to evaluate the brittleness of the 

bulk sample. The SEM observations of the indentation sites in the S-O-S32h-S950-2hA alloy 

reveals small circumferential cracks (Fig. 7-2a). The arc melted sample presents no cracks 
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(Fig. 7-2b), which shows the best ductility among the bulk samples. However, it should be 

noted that the arc melted sample reveals significantly lower hardness than samples sintered at 

950 °C. The biggest cracks are visible in the S-OE-S32h-S950-1hA sample (Fig. 7-2c), which 

consists of bcc#2 phase, intermetallic  phase, and a small volume of carbides. These results 

confirm that a high-volume fraction of  phase could manifest in the brittleness of the 

samples. It is worth to mention that the cracks revealed in Figure 7-2 are not radial cracks 

present in many brittle materials, e.g., [141]. Therefore, the studied HEA samples could 

present a certain level of plasticity.  

 
Figure 7-2. SEM-SE images of the indentation sites after micro-hardness measurements with the force 

of 9 N in samples: a) S-O-S32h-S950-2hA, b) powder P-O-S32h consolidated at 650 °C for 1 h, and 

then arc melting (part A), c) S-OE-S32h-S950-1hA. 

 

7.2. Compression  

The compression tests were carried out on the S-O-S32h-S950-2hA sample. The 

selected sample presents high hardness (Table 7-1) and promising microstructure, i.e., fine 

grains of the predominant multi-elemental bcc#2 phase (> 98 vol. %) and a small volume 

fraction of carbides (M6C and M23C6) and alumina (Chapter 6).  

7.2.1. Compression at room temperature  

The compression test at room temperature reveals a very high strength of 2173 MPa; 

however, the alloy does not show any plastic deformation at this temperature (failure in the 

elastic region) (Fig. 7-3 and Table 7-3). The sample broke into almost a powder after the 

compression test (Fig. 7-4). The SEM-SE images of the fracture surface reveal a brittle 

morphology of the fracture under compression at room temperature (Fig. 7-5). The high 

compressive strength is the result of different strengthening mechanisms such as grain 

boundary strengthening (fine grains, the Hall-Petch relation) and solid solution strengthening 
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in the multi-element bcc#2 phase. The grain boundary strengthening can be described by 

following the Hall-Petch equation [142,143]: 

 σy = σ0 + kyd
−1/2  (7.1) 

where σy is a yield strength, σ0 is a material constant (the intrinsic strength of the alloy), ky is 

the Hall-Petch coefficient, and d is a mean grain size. Moreover, the small fraction of carbides 

and oxides could increase the strength (particle strengthening). The results of high 

compressive strength are in good agreement with the high hardness (Subsection 7.1).  

The brittle behavior (Figs. 7-3 and 7-5) could be the effect of several factors. The 

sintering conditions could not be optimal to ensure the cohesion of the grains. The surface of 

the mechanically alloyed powder is undeniably slightly oxidized, which hinder bonding 

between particles during sintering. The present porosity contributes to brittle behavior. 

Moreover, the carbides and alumina present in the sample could cause brittleness. The fine-

grain size could also contribute to the lack of plasticity (the Hall-Petch law). Senkov et al. [9] 

suggested that ductile-brittle transition temperature (DBTT) is above room temperature for 

refractory alloys tested in their study. It could be possible that for the alloy from the Al-Cr-Fe-

Mn-Mo family, the DBTT is also above room temperature, which causes failure without 

plastic deformation.  

Table 7-3. Compression properties of the S-O-S32h-S950-2hA alloy. 

Temperature 
Yield stress 

[MPa] 

Maximum compressive 

stress [MPa] 

Stress at strain 

of 20 % [MPa] 

Strain at complete 

failure [%] 

20 °C --- 2173 --- elastic region 

400 °C --- 1680 --- elastic region 

500 °C 1941 2100 --- 3.0 % 

600 °C 1022 1327 1218 21.8 % 

650 °C 688 828 808 > 32 % 

700 °C 519 664 663 > 32 % 

800 °C 240 268 267 > 32 % 
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Figure 7-3. Stress-strain compression curves of the S-O-S32h-S950-2hA alloy tested at different 

temperatures at a strain rate of 10-3 s-1. 

 
Figure 7-4. Macroscopic image of the sintered and the compressed samples tested at different 

temperatures. 

 
Figure 7-5. SEM-SE images of the fracture surface of the S-O-S32h-S950-2hA sample compressed at 

room temperature: a) lower magnification, b) higher magnification.  
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Many HEAs with a bcc structure as a primary phase prepared by powder metallurgy 

techniques (mechanical alloying followed by sintering) present high compressive strength and 

very limited plastic deformation at room temperature. The AlCuNiFeCr alloy prepared by 

mechanical alloying and spark plasma sintering (bcc (B2) + precipitates of fcc phase and 

M23C6 carbides) presents a yield strength of 1511 MPa, a compressive strength of 1960 MPa, 

and a plastic deformation of 2.5 % at room temperature [82]. The FeCoCrNiMnAl alloy, 

prepared by mechanical alloying and hot-press sintering (bcc + fcc structures and M7C3 and 

M23C6 carbides as well as Al2O3, which are the result of the contamination), presents a 

compressive strength of 2406 MPa; however, the alloy does not show any plasticity [85]. The 

alloy with a slightly lower aluminum content FeCoCrNiMnAl0.7 presents a yield strength of 

2230 MPa, a compressive strength of 2552 MPa, while the plastic strain is 1.69 % [85]. The 

Al25Co25Cr25Fe25 alloy prepared by mechanical alloying and spark plasma sintering (two bcc 

phases with partial B2 ordering and a small fraction of M23C6 carbide) presents a compressive 

yield strength of 3500 MPa, a maximum strength of 3920 MPa, and a plastic strain of 0.7 % 

[84]. It shows that the compressive properties of the S-O-S32h-S950-2hA sample tested at 

room temperature are comparable to many other studied HEAs containing bcc phases 

prepared by powder metallurgy techniques.  

7.2.2. Compression at higher temperature 

The compression of the produced alloy (S-O-S32h-S950-2hA) shows different 

behavior depending on the testing temperature (Fig. 7-3 and Table 7-3). The compression test 

carried out at 400 °C shows similar behavior as at room temperature, i.e., no plastic 

deformation and brittle fracture. The lower maximum compressive stress than at room 

temperature is probably caused by the presence of a defect in this particular sample. The 

fracture at different stress values is common in brittle samples. However, at 500 °C, the alloy 

starts to show some plastic behavior with small deformation, a very high yield strength of 

1941 MPa, and a fracture stress of 2100 MPa. Nevertheless, both samples during compression 

break into powder (not shown here) similarly to the sample tested at room temperature (Fig. 

7-4). The alloy tested at 600 °C reveals a high yield strength and a maximum compressive 

strength of 1022 MPa and 1327 MPa, respectively. The sample fractures ultimately at the 

strain of 21.8 %. After yielding, the stress increases due to the work hardening up to the strain 

of 11.1 % and then decreases due to the appearance of cracks until the complete failure. The 

fracture surface analyses (Fig. 7-6) reveal mostly intergranular fracture morphology; however, 

some signs of ductility are visible. An increase of the testing temperature to 650, 700, and 
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800 °C leads to a significant alloy softening (Figs. 7-3 and 7-7a). The yield strength is 688, 

519, and 240 MPa, respectively, while the maximum compressive stress is 828, 664, and 

268 MPa. The complete failure does not occur at least until the strain of 32 % for these 

samples (end of the test at this strain), but cracks and spallation near the edges of samples take 

place. Some cracks are visible in the macroscopic image of samples after compression at 650-

800 °C (Fig. 7-4). This phenomenon is especially visible in the sample tested at 650 °C (less 

apparent with increasing temperature), which results in a significant decrease of true stress 

above the true strain of 15 % for this sample (Fig. 7-3). The spallation of the samples, which 

highlights a certain brittleness, was observed by other authors, e.g., [9]. The samples 

compressed at 700 and 800 °C present small work hardening capacity. Both samples present 

steady-state flow stress after reaching maximum compressive stress, which shows that the 

dynamic softening and work hardening reach a dynamic equilibrium [144]. 

 
Figure 7-6. SEM-SE images of the fracture surface of the S-O-S32h-S950-2hA sample compressed at 

600 °C: a) lower magnification, b) higher magnification.  

The hot compression results show similarities with other HEAs prepared by 

mechanical alloying and sintering. Yurkova et al. [82] studied the AlCuNiFeCr alloy prepared 

by mechanical alloying and spark plasma sintering. They also observed a considerable 

decrease of the compressive strength from 1960 MPa with a very small plastic deformation at 

room temperature to 490 and 110 MPa at 600 °C and 800 °C, respectively. The relative 

deformation at 600 and 800 °C is above 35 %. The authors explain the alloy softening by the 

much lower melting temperature of a copper-rich fcc phase. The hot compression results of 

the refractory HfNbTaTiZr alloy prepared by mixing of powder followed by cold isostatic 

pressing and sintering (two bcc and hcp phases) show the maximum compressive strength of 

370 MPa at 800 °C [145]. The authors suggested that fine grain size could lower compressive 

properties at high temperatures due to grain boundary sliding. The study of compressive 
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properties of AlCrFeTi prepared by mechanical alloying and spark plasma sintering (C14 

Laves matrix, and a smaller fraction of bcc and L12 phases) reveals some similarities with the 

alloy from the Al-Cr-Fe-Mn-Mo family [146]. The alloy presents high compressive strength 

of about 1100 MPa at room temperature, but the fracture occurs immediately after yielding. 

The plastic deformation does not increase significantly up to 700 °C. At a testing temperature 

of 800 °C, the alloy is ductile (no fracture after deformation of 50 %); nevertheless, the yield 

strength was 270 MPa, therefore comparable to the HEA investigated in this study. The 

annealing of the sintered samples at 1000 °C for 24 h increased the ductility considerably at 

700 °C due to the grain growth and the increase of the volume bcc phase. The annealing of 

sintered samples of the Al-Cr-Fe-Mn-Mo alloys should be considered in future studies. The 

investigation of FeCoNiMnV alloy prepared by mechanical alloying and spark plasma 

sintering (fcc and two tetragonal phases) revealed a compressive strength of 1470 MPa with 

almost no plastic deformation at room temperature [147]. Testing at 600 and 800 °C leads to a 

decrease of the strength to 760 MPa and 170 MPa, respectively, while the plastic deformation 

increased significantly. The brittleness of the alloy was attributed mainly to the presence of 

the tetragonal phase. Anyway, many HEAs prepared by powder metallurgy methods show 

brittle behavior under compression at room temperature. Nevertheless, the refractory 

Al0.1CrNbVMo alloy fabricated by mechanical alloying and spark plasma sintering (bcc and 

inclusions of alumina), reveal a yield strength of 2863 MPa and an elongation to failure of 

8.6 % at room temperature [148]. Moreover, these alloy an exhibits excellent yield strength of 

2213 MPa and an elongation to failure of 14.7 % at 800 °C.  

In terms of future applications of the studied alloy, the very important parameter is 

specific yield strength. It allows to compare mechanical properties of materials taking into 

consideration their densities. The comparison of the specific yield strength of the S-O-S32h-

S950-2hA alloy with other HEAs produced by powder metallurgy reveals that alloy from the 

Al-Cr-Fe-Mn-Mo family exceeds some other HEAs such as AlCuNiFeCr or FeCoNiMnV 

(Fig. 7-7b). Nevertheless, the Al0.1CrNbVMo presents a higher specific yield strength (but the 

plastic deformation is rather limited). However, the further optimization of sintering 

conditions could enhance the mechanical properties of studied alloy in the future. 
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Figure 7-7. Compressive strength and yield strength of the S-O-S32h-S950-2hA alloy as a function of 

testing temperature (500, 600, 650, 700, 800 °C) (a) and the specific yield strength of the S-O-S32h-

S950-2hA alloy compared to other HEAs produced by powder metallurgy (b): Al0.1CrNbVMo [148], 

AlCuNiFeCr [82], AlCrFeTi [146], FeCoNiMnV [147]. 

7.3. Summary and perspectives 

The micro-indentation and compression tests show a very high strength of bulk 

samples. The hardness of the sintered optimized powder (P-O-S32h) samples decreases with 

increasing sintering temperature (from about 950 HV1N after 950 °C to about 490 HV1N after 

1250 °C), which is the result mainly of grain growth and coalescence of porosity. It seems 

that even if carbides and oxides could increase the strength significantly, the multi-element 

bcc#2 phase presented a good level of hardness due to the solid solution strengthening. The 

hardness of the S-EQ-R70hS4h-S950-1hA (starting equiatomic composition) is considerably 

higher than other alloys due to very high M6C carbide fraction. The hardness of the sample 

containing the  phase (S-OE-S32h-S950-1hA) is similar to the sample S-O-S32h-S950-1hA 

containing the major bcc#2 phase and a small fraction of carbides, which confirms the high 

mechanical resistance of the multi-element bcc#2 phase. The hardness results of the sintered 

optimized powder (P-O-S32h) are very promising, and thus one of these types of samples, 

sintered at 950 °C, was chosen for the compression test.  

 The hot compression test of the S-O-S32h-S950-2hA sample reveals interesting 

results. The produced alloy shows very high compressive strength (up to 2173 MPa) without 

showing any plasticity at room temperature and 400 °C. The observations of the fracture 

surface show brittle morphology at room temperature. The high compressive strength is the 

result of fine grain size (the Hall–Petch relation), high hardness of the multi-element bcc#2 

phase (solid solution strengthening), and the presence of carbides and alumina, which block 

dislocations movements at grains boundaries. The near-complete lack of plastic deformation, 
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which was also found in other HEAs prepared by powder metallurgy [82,85,146,147], could 

be related to several coexisting phenomena, i.e., porosity, not complete bonding between 

particles, small grain size, presence of carbides and alumina. Long-time annealing treatment 

could be performed in future studies to investigate its effect on the alloy ductility [146]. 

Moreover, other powder consolidation techniques, such as hot extrusion [66] or high-pressure 

torsion, followed by annealing [149], which often enable to obtain high strength and ductility, 

should be performed in the future. The sample compressed at 500 °C starts to reveal small 

plastic deformation while maintaining high compressive strength. An increase of testing 

temperature to 600 °C and above leads to the plastic deformation of the samples; however, the 

decrease of the compressive strength is significant. The rise of plastic deformation with 

increasing temperature is commonly observed [82,146,147]. Malek et al. [145] suggested that 

fine grain size could not be beneficial for the compressive strength at high temperatures due to 

grain boundary sliding. Nevertheless, at 650 °C, the alloy exhibits a yield strength of 

688 MPa, a compressive strength of 837 MPa, and a sufficient plastic deformation (> 32 %). 

The results show promising compressive properties of the S-O-S32h-S950-2hA alloy, 

especially at 600-700 °C. The specific yield in strength at these temperatures exceeds many 

other HEAs prepared by powder metallurgy techniques.  
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Conclusions and perspectives 

The objective of this work was to prepare a novel high entropy alloy by powder 

metallurgy techniques with a promising microstructure (body-centered cubic phase) and good 

mechanical properties. HEAs from the novel Al-Cr-Fe-Mn-Mo family were prepared by 

mechanical alloying of elemental powders followed by hot press sintering. The chemical 

composition was optimized by the parametric approach calculations. The microstructure of 

the powders and bulk samples were investigated by X-Ray Diffraction (XRD), Mössbauer 

spectrometry, Scanning Electron Microscope (SEM), Transmission Electron Microscope 

(TEM), both microscopes equipped with Energy-Dispersive X-ray spectroscopy (EDX), and 

Electron BackScatter Diffraction (EBSD). The phase transformations were studied by 

Differential Scanning Calorimetry (DSC). The density of the samples was measured by 

Archimedes' principle. The mechanical properties were evaluated by micro-indentation tests 

and compression tests of the selected alloy at the temperature range from room temperature to 

800 °C. 

The chosen Al-Cr-Fe-Mn-Mo HEA family was quickly evaluated by Senkov et al. 

[22] using CALPHAD in thermodynamic equilibrium conditions before this study. The 

predictions for the equiatomic composition are very promising – major bcc phase and AlMo3 

below 1041 °C. The parametric approach calculations for the equiatomic alloy reveal 

electronegativity difference higher than the value commonly found in the literature for HEAs. 

The high electronegativity difference could facilitate the formation of intermetallic 

compounds instead of solid solution phases. The composition was optimized by modifying 

the content of elements (mainly increasing iron and decreasing molybdenum). The optimized 

alloy presents all parameters in good range to form HEA. The composition (named 

experimentally optimized) developed based on the experimental results (i.e., TEM-EDX 

analysis of the bcc#2 phase composition in the sintered alloy) also reveals good values of all 

parameters. 

 The mechanical alloying of raw powders of three different chemical compositions was 

performed in three different mills: planetary (RETSCH PM-100) and two vibrational (SPEX 

and CryoMill). The balls-powder-vial shocks in SPEX are more severe than in RETSCH or 

CryoMill; hence, it enables to produce a powder with better chemical homogeneity. However, 

the contamination by iron from balls and vial materials occurs. The results reveal that the 
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contamination depends greatly on the chemical composition of the powder. It is the highest 

for the alloy with the equiatomic content of elements in raw powder, probably due to a high 

fraction of big and hard particles of molybdenum, which cause significant erosion of balls and 

vials. Therefore, the milling should be performed in RETSCH (low iron contamination) for a 

long time (70 h), followed by a short final homogenization in SPEX. The milling of the two 

other compositions was performed in SPEX because the iron contamination is relatively small 

(lower erosion due to lower molybdenum content). The optimized mechanical alloying results 

reveal the formation of two disordered bcc phases – bcc#1 (3.13-3.14 Å) and bcc#2 (2.87-

2.93 Å). The powder is homogeneous at the SEM scale. However, in the optimized 

mechanically alloyed powder, TEM analyses coupled with EDX show a major phase (bcc#2), 

which contains all elements, and a smaller fraction of a molybdenum rich phase (bcc#1).  

 In the objective to determine the effect of sintering temperature on the powder 

microstructure, heat treatment of three compositions of powders milled in the optimized 

conditions was performed. All powders reveal several phase transformations. The bcc#1 

disappears after the annealing above 650 °C. The intermetallic χ phase (8.98 Å, space group: 

I-43m (217)) appears as a major phase after annealing between 650 and 850 °C, while bcc#2 

seems to decrease. The appearance of the χ phase could be the result of a carbon 

contamination (MA process), which can dissolve and stabilize it. After annealing at 950 °C, 

the microstructures are more promising, especially the optimized alloy (A-O-S32h-950), for 

which the predominant phase is the disordered multi-element bcc#2 phase (a =2.91 Å) and a 

small fraction of carbides (M6C and M23C6) and oxides (Al2O3) was detected. The melting 

temperature of the bcc#2 was determined at 1445 °C by DSC analysis. The successful 

fabrication of the annealed powder with a major multi-element disordered body-centered 

cubic phases and a very small fraction of phases resulting from the contamination is an 

essential step towards the choice of the sintering conditions. In two other annealed powders at 

950 °C, i.e., equiatomic powder (A-EQ-R70hS4h-950) and experimentally optimized powder 

(A-OE-S32h-950), a high-volume fraction of carbide or χ phase were found, respectively; 

therefore, the microstructures are not as promising as the optimized powder (A-O-S32h-950). 

 After sintering, all bulk samples present a major disordered multi-elemental bcc#2 

phase (a=2.91-2.92 Å). The most promising sample of the optimized powder sintered at 

950 °C (S-O-S32h-S950-2hA) shows a very interesting microstructure, i.e., fine grain size 

(average about 220 nm), more than 98.0 vol. % of the bcc#2 phase and a small fraction of 

carbides (M6C and M23C6) and oxide (Al2O3). Sintering at higher temperatures leads to an 
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increase of volume fraction of carbides and oxides as well as average grain size. The other 

sintered powders equiatomic (S-EQ-R70hS4h-S950-1hA) and experimentally optimized (S-

OE-S32h-S950-1hA) show less promising microstructure due to the presence of a high-

volume fraction of carbides or χ phase, respectively. All samples present good densification, 

more than 97 % of the theoretical density. The formation of the major disordered multi-

elemental bcc#2 phase is undoubtedly a highlight of this work and shows the achievement of 

the objectives of the thesis. This phase is stable in the sintered sample after annealing for 10 h 

at 950 °C. The bcc#2 phase presents a relatively wide range of chemical composition in the 

produced bulk samples depending on the initial powder composition and consolidation 

conditions, i.e., Al (16–21 at. %), Cr (14–26 at. %), Fe (26–44 at. %), Mn (11–24 at. %), and 

(4–11 at. %). Future studies should focus mainly on the bcc#2 phase.  

The bulk samples present very high hardness. The hardness is the highest after 

sintering at 950 °C, for the sintered optimized powders (P-O-S32h), is with a value of about 

950 HV1N. The increase of sintering temperature leads to a decrease in the sample hardness 

(grain growth, coalescence of porosity). The carbides and oxides could increase substantially 

the mechanical strength. However, the high hardness of the samples is believed to be 

significantly related to the good strength of the multi-element bcc#2 phase (solid solution 

strengthening) and fine grain size. The compression test at room temperature of the sample S-

O-S32h-S950-2hA reveals a very high compressive strength of 2173 MPa, which is the effect 

of fine grain size, the good mechanical resistance of bcc#2, and a small presence of alumina 

and carbides. However, the fracture occurs in the elastic region of the stress-strain curve. 

Thus, the sample shows no plasticity at room temperature. It could be related to the porosity, 

the not completed bonding of powder particles during sintering (due to oxide layer on the 

surface of powders), presence of carbides/oxides, and fine grain size. The alloy starts to show 

some plastic behavior at 500 °C, but it breaks shortly after yielding at 1941 MPa (maximum 

strength is 2100 MPa). The increase of testing temperature leads to a decrease of the yield 

strength and the maximum compressive strength, but the plastic deformation increases 

significantly (21.8 % at 600 °C, and more than 32 % above 650 °C). The results show that the 

alloy presents promising compressive properties, especially between 600 and 700 °C, e.g., 

yield strength of 1022 MPa at 600° C. The specific yield strength values between 600-700 °C 

are very competitive compared to other HEAs produced by powder metallurgy techniques. 

The early stage of the Al-Cr-Fe-Mn-Mo family study does not allow us to identify 

specific applications for this HEA; however, high hardness and strength reveal a promising 
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future after further investigations. In this thesis, the preparation of samples from the Al-Cr-Fe-

Mn-Mo family by powder metallurgy techniques (mechanical alloying and sintering) was 

presented. Produced samples show a major unique multi-element bcc#2 phase and a small 

fraction of phases resulting from the contamination (carbides and oxides). Moreover, samples 

reveal very high hardness and high compressive strength. Nevertheless, different phenomena 

in the Al-Cr-Fe-Mn-Mo family are not fully understood and demand further research. 

Especially, the compositional range and thermal stability after a long time annealing of the 

bcc#2 phase should be studied further. The crucial question arises if the bcc#2 phase can be 

stable as a single phase in the studied alloys without carbides or oxides. Ideally, the bulk 

samples without any carbon and oxygen traces should be synthesized to investigate this 

aspect. The mechanical alloying could be further optimized. It could consist of the use of balls 

and vials made by different materials, not containing carbon. The sintering by the use of other 

methods, such as SPS, should be carried out to compare and eventually improve the 

microstructure and properties or limit contamination. The heat treatment after sintering should 

be considered. Wear and corrosion resistance could also be evaluated. Moreover, hot 

extrusion or high-pressure torsion followed by an annealing should be performed to eliminate 

porosity and increase bonding between powder particles. Then, tensile tests should be carried 

out to evaluate mechanical properties fully. 
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Appendix A 

Results of mechanically alloyed powders 

 
Figure A1. SEM-SE images of non-polished milled powders: a) P-EQ-S32h, b) P-EQ-R70h, c) P-EQ-

R70hS4h, d) P-EQ-C32h, e) P-O-S32h, f) P-O-C32h. 

 

 
Figure A2. XRD patterns of P-EQ-RFe-S32h (a) and P-EQ-NFe-S32h (b) powders after milling. 
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Figure A3. SEM-BSE images of P-EQ-RFe-S32h (a) and P-EQ-NFe-S32h (b) powders after milling. 

Table A1. Summary of results of P-EQ-RFe-S32h and P-EQ-NFe-S32h powders after milling SPEX. 

Sample Final composition and homogeneity 
Phase composition 

Bcc#1 Bcc#2 

P-EQ-RFe-S32h 

17% Al, 20% Cr, 28% Fe, 17% Mn, 

18% Mo 

(homogeneous + Fe particles) 

3.12 Å 2.95 Å  

P-EQ-NFe-S32h  

17% Al, 22% Cr, 24% Fe, 18% Mn, 

19% Mo 

(homogeneous) 

3.14 Å 2.95 Å 

 

Table A2 Mössbauer hyperfine parameters of iron environments in P-EQ-RFe-S32h, P-EQ-NFe-S32h, 

P-EQ-S32h powders mechanically alloyed in SPEX for 32h. Effect of the iron amount in powder 

initially introduced in vial before milling. (Hyperfine parameters are calculated by comparison with 

iron reference).  

Sample Iron site H (T) IS (mm/s) QS (mm/s) W (mm/s) A (%) 
Magnetic 

properties 

P-EQ-NFe-

S32h 

Sites 2+3 28.2 ±1 0.05±0.05 -0.06±0.05 0.25±0.02 14.50±4.50 
Magnetic: 

14.50 ±4.50% 

Non-

magnetic: 

85.50±4.50% 

Site 5 - -0.03±0.01 0.81±0.02 0.25±0.01 9.90±0.40 

Site 6 - -0.08±0.02 0.61±0.01 0.25±0.01 19.09±0.79 

Site 7 - -0.08±0.01 0.34±0.03 0.25±0.01 25.96±1.26 

Site 12 - -0.01±0.05 0.16±0.01 0.25±0.01 18.51±1.21 

Site 8 - -0.08±0.03 0 0.24±0.01 12.04±0.84 

P-EQ-RFe-

S32h 

Sites 2+3 30.1 ±2 -0.61±0.50 -0.20±0.50 0.25±0.01 3.84±0.39 

Magnetic: 

5.52±2.25% 

Non-

magnetic: 

94.48±2.25% 

Sites 4+5 - -0.04±0.03 0.98±0.11 0.25±0.01 3.36±0.16 

Site 5 - -0.06±0.02 0.83±0.05 0.25±0.01 9.80±0.47 

Site 6 - -0.09±0.01 0.59±0.02 0.25±0.01 22.17±0.41 

Site 7 - -0.11±0.01 0.36±0.04 0.25±0.01 24.95±0.50 

Site 9 - -0.06±0.03 0.26±0.05 0.25±0.01 20.81±1.14 

Site 8 - -0.08±0.02 0 0.24±0.01 15.0±0.03 

P-EQ-S32h  

Sites 2+3 29.6 ±1 -0.03±0.05 -0.38±0.05 0.25±0.01 5.77±1.49 

Magnetic: 

7.38±3.14% 

Non-

magnetic: 

92.62±3.14% 

Sites 4+5 - -0.06±0.01 0.92±0.06 0.25±0.01 3.22±0.04 

Site 5 - -0.05±0.01 0.83±0.04 0.25±0.01 9.23±0.11 

Site 6 - -0.08±0.01 0.59±0.03 0.25±0.01 21.44±1.34 

Site 7 - -0.11±0.02 0.36±0.04 0.25±0.01 26.06±3.28 

Sites 

9+12 
- -0.05±0.04 0.24±0.04 0.25±0.01 22.68±2.30 

Site 8 - -0.07±0.01 0 0.25±0.01 11.60±2.60 
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Figure A4. XRD patterns of powders: a) P-EQ-R70h, b) P-EQ-R70hS1h, c) P-EQ-R70hS2h, d) P-EQ-

R70hS4h. 

 
Figure A5. SEM images of: a) P-EQ-R70h, b) P-EQ-R70hS1h, c) P-EQ-R70hS2h, d) P-EQ-R70hS4h. 

Table A3. Summary of results of powders with the starting equiatomic composition.  

Sample  Final composition and homogeneity 
Lattice parameters 

Bcc#1 Bcc#2 Mn bbc 

P-EQ-R70h 
19% Al, 20% Cr, 22% Fe, 19% Mn, 20% Mo 

(heterogeneous) 
3.14 Å 2.90 Å  8.91 Å 

P-EQ-R70hS1h 
20% Al, 21% Cr, 23% Fe, 19% Mn, 17% Mo 

(heterogeneous) 
3.14 Å 2.89 Å 8.90 Å 

P-EQ-R70hS2h 
19% Al, 20% Cr, 23% Fe, 19% Mn, 19% Mo 

(heterogeneous) 
3.14 Å 2.89 Å 8.89 Å 

P-EQ-R70hS4h 
18% Al, 20% Cr, 24% Fe, 19% Mn, 19% Mo 

(homogeneous) 
3.14 Å 2.87 Å 8.92 Å 
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Table A4 Mössbauer hyperfine parameters of iron environments in P-EQ-R70hS4h and P-EQ-R70h 

powders. 

Sample 
Iron 

site 
H (T) IS (mm/s) QS (mm/s) W (mm/s) A (%) 

Magnetic 

properties 

P-EQ-

R70hS4h  

Sites 

2+3 
30.1±1 0.08±0.05 0.12±0.05 0.28±0.03 9.40±0.41 

Magnetic: 

9.40±0.41% 

Non-

magnetic: 

90.60±0.41

% 

Sites 

4+5 
- 0.02±0.01 0.85±0.01 0.24±0.02 21.24±0.92 

Site 6 - 0.00±0.01 0.59±0.02 0.24±0.02 28.32±2.27 

Sites 

9+7 
- -0.02±0.01 0.31±0.01 0.24±0.02 27.32±0.59 

Site 8 - -0.01±0.01 0 0.24±0.02 13.72±0.35 

 
P-EQ-

R70h 

Site 1 34.4±1 0.03±0.05 -0.11±0.05 0.26±0.02 2.73±0.30 
 

Magnetic: 

16.23±1.81

% 

Non-

magnetic: 

83.77±1.81

% 

Site 2 31.2±1 -0.08±0.05 -0.08±0.05 0.26±0.02 6.91±0.67 

Site 3 28.7±1 -0.15±0.05 -0.06±0.05 0.26±0.02 2.06±0.83 

Site 4 - 0.11±0.01 1.29±0.22 0.26±0.02 4.53±0.31 

Site 5 - 0.08±0.01 0.87±0.01 0.26±0.02 18.08±0.05 

Site 6 - 0.06±0.01 0.59±0.01 0.26±0.02 30.05±0.06 

Sites 

9+7 
- 0.05±0.01 0.32±0.01 0.26±0.02 24.08±0.52 

Site 8 - 0.05±0.01 0 0.27±0.02 11.56±0.27 

 
Figure A6. XRD patterns of powders: a) P-EQ-C32h-15Hz, b) P-EQ-C32h-20Hz, c) P-EQ-C32h, and 

d) P-EQ-C64h.  

Table A5. Summary of results of the powders with the starting equiatomic composition,  

Sample  Final composition and homogeneity 
Lattice parameters [Å] 

Bcc#1 Bcc#2 Mn (bbc) 

P-EQ-C32h-

15Hz 
(areas of elemental powders) Peaks of pure elements  

P-EQ-C32h-

20Hz 

19% Al, 21% Cr, 20% Fe, 20% Mn, 20% Mo 

(heterogeneous) 
3.14  2.88  8.92  

P-EQ-C32h 
19% Al, 21% Cr, 20% Fe, 19% Mn, 21% Mo 

(heterogeneous) 
3.13  2.88  --- 

P-EQ-C64h 
19% Al, 18% Cr, 21% Fe, 21% Mn, 21% Mo 

(heterogeneous) 
3.13  2.89  --- 
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Figure A7. SEM-BSE images of powders: a) P-EQ-C32h-15Hz, b) P-EQ-C32h-20Hz, c) P-EQ-C32h, 

and d) P-EQ-C64h. 

 
Figure A8. XRD patterns of powders after milling a) P-EQ-C32h, b) P-EQ-C32h8h, and c) P-EQ-RFe-

C32h8h. 

 
Figure A9. SEM-BES images of powders after milling: a) P-EQ-C32h, b) P-EQ-C32h8h, and c) P-EQ-

RFe-C32h8h. 
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Table A6. Summary of results of powders (P-EQ-C32h, P-EQ-C32h8h, and P-EQ-RFe-C32h8h)  

Sample  Final composition and homogeneity 

Lattice 

parameters 

Bcc#1 Bcc#2 

P-EQ-C32h 19% Al, 21% Cr, 20% Fe, 19% Mn, 21% Mo (heterogenous) 3.13 Å 2.88 Å  

P-EQ-C32h8h 17% Al, 20% Cr, 27% Fe, 18% Mn, 18% Mo (homogeneous) 3.13 Å 2.90 Å 

P-EQ-RFe-C32h8h 19% Al, 20% Cr, 21% Fe, 20% Mn, 20% Mo (homogeneous) 3.13 Å 2.90 Å 

Table A7. Mössbauer hyperfine parameters of iron environments in powders: P-EQ-C32h, P-EQ-

C32h8h, and P-EQ-RFe-C32h8h.  

Sample Iron site H (T) IS (mm/s) QS (mm/s) W (mm/s) A (%) 
Magnetic 

properties 

P-EQ-RFe-

C32h8h 

Site1 34.21±1 0.14 ±0.05 -0.16±0.05 0.26±0.02 10.61±1.36 
Magnetic: 

25.54 

±2.42% 

 

Non-

magnetic: 

74.46 

±2.42% 

Site2 31.77±1 -0.14±0.05 0.20±0.05 0.26±0.02 6.86±0.49 

Site 3 28.54±1 0.29±0.05 -0.15±0.05 0.26±0.02 8.07±0.57 

Site 5 - -0.05±0.02 0.78±0.02 0.25±0.01 14.19±0.49 

Site 6 - -0.07±0.04 0.53±0.03 0.25±0.01 17.52±0.67 

Site 7 - -0.10±0.02 0.39±0.05 0.25±0.01 15.13±3.06 

Sites 

9+12 
- -0.07±0.02 0.22±0.02 0.25±0.01 16.51±0.81 

Site 8 - -0.07±0.02 0 0.24±0.01 11.11±1.02 

P-EQ-

C32h8h 

Site1 34.02±1 -0.03±0.05 -0.08±0.05 0.27±0.03 7.90±1.94 Magnetic: 

25.00 

±5.79% 

 

Non-

magnetic 

75.00 

±5.79 % 

Site 2 30.69±1 -0.00±0.05 -0.08±0.05 0.29±0.05 17.10±3.85 

Site 5 - -0.05±0.01 0.84±0.02 0.25±0.01 12.16±0.02 

Site 6 - -0.08±0.01 0.58±0.04 0.25±0.01 15.79±0.40 

Site 7 - -0.12±0.02 0.38±0.02 0.25±0.01 13.15±0.34 

Site 9 - -0.09±0.01 0.29±0.03 0.25±0.01 14.15±0.69 

Site 12 - -0.07±0.03 0.15±0.07 0.25±0.01 11.49±0.69 

Site 8 - -0.09±0.01 0 0.25±0.01 8.25±1.20 

 

P-EQ-

C32h 

Site 1 33.4±1 0.01±0.05 0.03±0.05 0.26±0.02 11.78±0.75 
Magnetic: 

30.54 

±3.93% 

 

Non-

magnetic: 

69.46 

±3.93 % 

Site 3 29.5±1 -0.11±0.05 0.09±0.05 0.26±0.03 8.89±1.51 

Site 11 26.5±1 0.08±0.05 -0.09±0.05 0.26±0.02 9.87±1.67 

Site 5 - 0.01±0.01 0.87±0.01 0.25±0.01 11.99±0.57 

Site 6 - -0.01±0.01 0.61±0.01 0.25±0.01 16.89±0.10 

Site 7 - -0.02±0.01 0.37±0.01 0.24±0.01 15.55±1.43 

Sites 

9+12 
- 0.01±0.01 0.19±0.04 0.24±0.02 17.47±2.71 

Site 8 - -0.01±0.01 0 0.23±0.01 7.56±4.56 

 
Figure A10. XRD patterns of powders after milling: a) P-O-C32h and b) P-O-C32hS8h.  
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Figure A11. SEM images of powders after milling: a) P-O-C32h and b) P-O-C32hS8h. 

Table A8. Summary of results of the powder after milling  

Sample  Final composition and homogeneity 
Phase composition 

Bcc#1 Bcc#2 

P-O-C32h 22% Al, 23% Cr, 28% Fe, 20% Mn, 7% Mo (heterogenous) 3.14 Å 2.88 Å  

P-O-C32hS8h 20% Al, 22% Cr, 30% Fe, 20% Mn, 8% Mo (homogeneous) 3.13 Å 2.90 Å 

Table A9. Mössbauer hyperfine parameters of iron environments in the P-O-C32h and P-O-S32h. 

Sample Iron site H (T) IS (mm/s) QS (mm/s) W (mm/s) A (%) 
Magnetic 

properties 

P-O-C32h 

Site 1 32.84±1 -0.03±0.05 0.02±0.05 0.32±0.03 21.64±2.33 
Magnetic: 

54.45 

±4.52% 

 

Non-

magnetic: 

45.55 

±4.52% 

Site 3 29.13±1 -0.02±0.05 0.03±0.05 0.37±0.03 14.30±1.89 

Site 11 25.02±1 -0.11±0.05 0.00±0.05 0.43±0.03 12.73±1.68 

Site 4 - 0.05±0.03 1.22±0.21 0.27±0.04 5.78±0.40 

Site 6 - 0.03±0.01 0.61±0.41 0.25±0.02 11.08±0.33 

Sites 7 - 0.04±0.01 0.49±0.25 0.25±0.02 12.55±0.19 

Site 9 - 0.03±0.01 0.27±0.03 0.24±0.02 7.65±0.95 

Site 12  0.04±0.01 0.16±0.02 0.23±0.02 7.21±2.17 

Site 8 - 0.04±0.01 0 0.23±0.01 7.06±0.88 

P-O-S32h 

Site 1 33.53±1 0.04±0.05 0.12±0.05 0.28±0.05 4.61±0.60 
Magnetic: 

12.89 

±4.73% 

 

Non-

magnetic: 

87.11 

±4.73% 

Site 3 29.13±1 -0.07±0.05 0.09±0.05 0.30±0.07 3.55±2.08 

Site 11 25.22±0.5 -0.07±0.05 -0.08±0.05 0.33±0.10 3.26±1.92 

Site 4 - 0.04±0.03 1.34±0.06 0.27±0.04 1.47±0.13 

Site 5 - -0.03±0.03 0.80±0.05 0.25±0.01 14.01±1.97 

Site 6 - -0.06±0.02 0.51±0.06 0.25±0.01 20.81±0.03 

Sites 7+9 - -0.05±0.01 0.31±0.03 0.25±0.01 19.96±1.21 

Site 12 - -0.03±0.01 0.17±0.02 0.24±0.02 23.26±5.20 

Site 8 - -0.04±0.02 0 0.23±0.01 9.07±2.53 

Table A10. Mössbauer hyperfine parameters of iron environments in the experimentally optimized 

powder after mechanical alloying (P-OE-S32h). 

Sample Iron site H (T) IS (mm/s) QS (mm/s) W (mm/s) A (%) 
Magnetic 

properties 

P-OE-S32h 

Sites 2+3 30.5±1 -0.08±0.05 0.46±0.05 0.39±0.05 6.44±1.03 Magnetic: 

9.41 

±4.00 % 

Non-

magnetic: 

93.56 

±4.00 % 

Sites 4+5 - 0.02±0.01 1.02±0.08 0.26±0.03 5.94±1.05 

Site 6 - -0.00±0.01 0.64±0.03 0.25±0.02 19.48±0.86 

Site 7 - 0.00±0.01 0.37±0.02 0.25±0.02 26.19±0.36 

Site 12 - 0.01±0.01 0.16±0.02 0.25±0.02 29.61±0.04 

Site 8 - 0.01±0.01 0 0.25±0.02 12.34±0.16 
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Appendix B 

Results of the thermal stability of mechanically alloyed powders 

 
Figure B1. Results of the A-O-S32h-800 powder a) SEM-BSE image with line scans revealing zones 

enriched in molybdenum, b) SEM-EDX mapping, c) SEM-EDX compositions of molybdenum-rich 

carbide (1), bcc#2 phase (2), chi phase (3). 

 
Figure B2. SEM-EDX mapping of the A-O-S32h-950 powder. 
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Table B1. Mössbauer hyperfine parameters of iron sites in the optimized powders: P-O-S32h, A-O-

S32h-500, A-O-S32h-950.  

Sample Iron site IS (mm/s) QS (mm/s) A (%) Phase amount 

A-O-S32h-

950 

 

Site 13 – χ phase 0.02 ± 0.02 0.95 ± 0.04 0.47 ± 1 χ phase: 

4.82% Site 14 – χ phase -0.00 ± 0.02 0.70 ± 0.04 4.35 ± 1 

Site 7 – bcc#2 0.05 ± 0.02 0.42 ± 0.04 21.73 ± 1 
bcc#2: 

70.84 – 95.18% 

carbides: 

24.34 – 0% 

Site 9 – bcc#2 0.06 ± 0.02 0.20 ± 0.04 34.77 ± 1 

Site 8 – bcc#2 0.06 ± 0.02 0 ± 0.04 14.34 ± 1 

Site 12 – bcc#2 

or carbides 
0.05 ± 0.02 0.12 ± 0.04 24.34± 1 

A-O-S32h-

500 

 

Site 1+2 – residual -0.02 ± 0.02 1.56 ± 0.04 0.87 ± 1 Residual iron 

environments: 

1.49% 
Sites 3+4 – residual 0.02 ± 0.02 1.21 ± 0.04 0.62 ± 1 

Site 5 – bcc#1 -0.04 ± 0.02 0.82 ± 0.04 14.30 ± 1 bcc#1: 

17.92% Site 6 – bcc#1 -0.12 ± 0.02 0.65 ± 0.04 3.62 ± 1 

Site 7 – bcc#2 -0.09 ± 0.02 0.47 ± 0.04 26.35 ± 1 
bcc#2: 

80.58% 
Sites 9+12 – bcc#2 -0.02 ± 0.02 0.21 ± 0.04 33.09 ± 1 

Site 8 – bcc#2 -0.03 ± 0.02 0 ± 0.04 21.14 ± 1 

P-O-S32h 

 

Site 1 – residual -0.20 ± 0.02 1.81 ± 0.04 0.75 ± 1 Residual iron 

environments: 

3.14% 

Site 2 – residual -0.07 ± 0.02 1.41 ± 0.04 1.07 ± 1 

Sites 3+4 – residual 0.02 ± 0.02 1.21 ± 0.04 1.32 ± 1 

Site 5 – bcc#1 -0.02±0.02 0.83 ± 0.04 12.91 ± 1 bcc#1: 

34.43% Site 6 – bcc#1 -0.04 ± 0.02 0.56 ± 0.04 21.52 ± 1 

Site 7 – bcc#2 -0.04 ± 0.02 0.35 ± 0.04 24.53 ± 1 
bcc#2: 

62.42% 
Site 12 – bcc#2 -0.02 ± 0.02 0.15 ± 0.04 29.90 ± 1 

Site 8 – bcc#2 -0.02 ± 0.02 0 ± 0.04 7.99 ± 1 

 
Figure B3. SEM-BSE image of the A-EQ-R70hS4h-850 powder with corresponding line scan and 

EDX mapping. 
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Table B2. Mössbauer hyperfine parameters of iron environments in the P-EQ-R70hS4h and A-EQ-

R70hS4h-850. 

Sample Iron site H (T) IS (mm/s) QS (mm/s) W (mm/s) A (%) 
Magnetic 

Properties 

P-EQ-

R70hS4h 

Sites 2+3 30.1±1 0.08±0.05 0.12±0.05 0.28±0.03 9.40±0.41 Magnetic: 

9.40±0.41% 

Non-

magnetic: 

90.60±0.41% 

Sites 4+5 - 0.02±0.01 0.85±0.01 0.24±0.02 21.24±0.92 

Site 6 - 0.00±0.01 0.59±0.01 0.24±0.02 28.32±2.27 

Sites 7+9 - -0.02±0.01 0.31±0.01 0.24±0.02 27.32±0.59 

Site 8 - -0.02±0.01 0 0.24±0.02 13.72±0.35 

A-EQ-

R70hS4h-

850 

Site 5 - -0.06±0.02 0.82±0.03 0.24±0.02 7.32±0.56 Magnetic: 

0±2% 

Non-

magnetic: 

100±2% 

Site 6 - -0.13±0.01 0.53±0.01 0.24±0.02 26.98±0.74 

Site 7+9 - -0.15±0.01 0.32±0.01 0.24±0.02 31.10±0.01 

Site 12 - -0.15±0.01 0.14±0.01 0.24±0.02 31.97±0.48 

Site 8 - -0.11±0.01 0 0.23±0.01 2.63±0.65 

 
Figure B4. SEM-BSE and corresponding EDX mapping of the A-OE-S32h-950 powder.  

Table B3. Mössbauer hyperfine parameters of iron environments in the P-OE-S32h and A-OE-S32h-950. 

Sample Iron site H (T) IS (mm/s) 
QS 

(mm/s) 
W (mm/s) A (%) 

Magnetic 

properties 

A-OE-

S32h-950  

Site 1 33.6±1 0.03±0.08 0.28±0.08 0.32±0.08 5.75±0.65 Magnetic: 

29.82 

±1.79% 

Non-

magnetic: 

70.18 

±1.79 % 

 

Site 10 13.5±1 -0.19±0.02 -0.12±0.02 0.34±0.09 17.60±1.02 

Site 11 - -0.08±0.11 1.46±0.36 0.29±0.04 6.47±0.12 

Site 5 - 0.02±0.04 0.77±0.31 0.26±0.02 13.55±0.04 

Site 6 - -0.07±0.01 0.56±0.01 0.26±0.02 21.44±1.11 

Sites 

9+12 
- -0.04±0.01 0.21±0.01 0.26±0.01 22.91±0.47 

Site 8 - -0.02±0.01 0 0.26±0.01 12.28±0.02 

 

P-OE-

S32h 

Sites 2+3 30.5±1 -0.08±0.08 0.46±0.15 0.39±0.04 6.44±1.03 Magnetic: 

9.93 

±4.53% 

Non-

magnetic: 

90.07%  

± 4.53% 

Sites 4+5 - 0.02±0.01 1.02±0.08 0.26±0.03 5.94±1.05 

Site 6 - -0.01±0.01 0.64±0.03 0.25±0.02 19.48±0.86 

Site 7 - 0.01±0.01 0.37±0.02 0.25±0.02 26.19±0.36 

Site 12 - 0.01±0.01 0.16±0.02 0.25±0.02 29.61±0.04 

Site 8 - 0.01±0.01 0 0.25±0.02 12.34±1.06 
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Appendix C 

Results of sintered samples  

 
Figure C1. SEM-BSE image with corresponding EDX mapping in the central area of the sample S-O-

S32h-S950-1hV.  

 
Figure C2. SEM-BSE image with corresponding EDX mapping in the central area of the sample S-O-

S32h-S950-1hA.  
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Figure C3. SEM-BSE image with corresponding EDX mapping in the central area of the sample S-O-

S32h-S1100-2hA.  

 
Figure C4. SEM-BSE image with corresponding EDX mapping showing region close to the surface of 

the S-O-S32h-S950-1hV sample. 
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Figure C5. SEM-BSE image with corresponding EDX mapping showing region close to the surface of 

the S-O-S32h-S950-1hA sample. 

 
Figure C6. SEM-BSE image with corresponding EDX mapping showing region close to the surface of 

the S-O-S32h-S1100-2hA sample. 
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Figure C7. SAED patterns of the S-O-S32h-S950-1hV revealing Zero-order Laue Zone (ZOLZ) and 

First-order Laue zone (FOLZ) in three zone axis a) [001] b) [111] c) [101]; d) data from “Atlas of 

Electron Diffraction Zone-Axis Patterns” [128] of bcc phase. 

 
Figure C8. XRD pattern of part A of the P-O-S32h powder pre-sintered at 600 °C for 1 h under argon 

and then arc melted.  
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Figure C9. SEM-BSE with corresponding EDX mapping of part A of the P-O-S32h powder pre-

sintered at 600 °C for 1 h under argon and then arc melted.  

 
Figure C10. SEM-BSE with corresponding EDX mapping of region close to the surface of the S-OE-

S32h-S950-1hA sample. 
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Appendix - Names of samples 

The system of names of samples was created to present all results clearly. It is explained 

below in Figure N1. The list of samples is also shown in Tables N1-N3. 

 
Figure N1. Explanation of names of samples: MA powder, annealed powder, bulk samples.  
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Table N1. List of powder samples prepared by mechanical alloying. 

Name of sample Initial composition of powder (at. %) Milling conditions  

P-EQ-S16h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo SPEX 16 h 

P-EQ-S32h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo SPEX 32 h 

P-EQ-S64h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo SPEX 64 h 

P-EQ-RFe-S32h 22.2% Al, 22.2% Cr, 11.2% Fe, 22.2% Mn, 22.2% Mo SPEX 32 h 

P-EQ-NFe-S32h 25% Al, 25% Cr, 25% Mn, 25% Mo SPEX 32 h 

P-EQ-R70h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo RETSCH 70 h 

P-EQ-R70hS1h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo RETSCH 70 h + SPEX 1 h 

P-EQ-R70hS2h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo RETSCH 70 h + SPEX 2 h 

P-EQ-R70hS4h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo RETSCH 70 h + SPEX 4 h 

P-EQ-C32h-15Hz 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (15 Hz) 32 h 

P-EQ-C32h-20Hz 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (20 Hz) 32 h 

P-EQ-C32h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (25 Hz) 32 h 

P-EQ-C64h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo CryoMill (25 Hz) 64 h 

P-EQ-C32hS8h 20% Al, 20% Cr, 20% Fe, 20% Mn, 20% Mo 
CryoMill (25 Hz) 32 h + SPEX 

8 h 

P-EQ-RFe-

C32hS8h 
22.2% Al, 22.2% Cr, 11.2% Fe, 22.2% Mn, 22.2% Mo 

CryoMill (25 Hz) 32 h + SPEX 

8 h 

P-O-S32h 
22.5% Al, 22.5% Cr, 28% Fe, 20% Mn,  

7% Mo 
SPEX 32 h 

P-O-C32h 
22.5% Al, 22.5% Cr, 28% Fe, 20% Mn,  

7% Mo 
CryoMill (25 Hz) 32 h 

P-O-C32hS8h 
22.5% Al, 22.5% Cr, 28% Fe, 20% Mn,  

7% Mo 

CryoMill (25 Hz) 32 h + SPEX 

8 h 

P-OE-S32h 19% Al, 22% Cr, 34% Fe, 19% Mn, 6% Mo SPEX 32 h 

Table N2. List of the powder samples annealed under vacuum. 

Name of the annealed powder Name of the MA powder Annealing conditions 

A-O-S32h-500 

P-O-S32h 

500 °C for 1 h 

A-O-S32h-650 650 °C for 1 h 

A-O-S32h-800 800 °C for 1 h 

A-O-S32h-950 950 °C for 1 h 

A-EQ-R70hS4h-850 
P-EQ-R70hS4h 

850 °C for 1 h 

A-EQ-R70hS4h-950 950 °C for 1 h 

A-OE-S32h-950 P-OE-S32h 950 °C for 1 h 

Table N3. List of sintered samples. 

Name of sintered samples Name of MA powder Sintering conditions 

S-O-S32h-S950-1hV 

P-O-S32h 

950 °C for 1 h under vacuum 

S-O-S32h-S950-1hA 950 °C for 1 h under argon 

S-O-S32h-S950-2hA 950 °C for 2 h under argon 

S-O-S32h-S1100-2hA 1100 °C for 2 h under argon 

S-O-S32h-S1250-2hA 1250 °C for 2 h under argon 

S-EQ-R70hS4h-S950-1hA P-EQ-R70hS4h 950 °C for 1 h under argon 

S-OE-S32h-S950-1hA P-OE-S32h 950 °C for 1 h under argon 
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